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Abstract

Nano-scaled matrix additives, such as nanoparticles and nanotubes, can considerably im-
prove the mechanical properties of polymers. However, the exact mechanisms leading to
the increased properties have not been completely understood. Two effects, which play
a minor role in the prediction of the elastic properties of nanocomposites so far, are the
formation of a particle-matrix interphase and agglomeration of nanoparticles. Based on
the literature, both can be assumed to considerably affect the molecular structure and the
mechanical properties and should thus be included in the material design process.

In this thesis, a hierarchical multi-scale framework for the prediction of the elastic nanocom-
posite properties is developed. It incorporates the previously mentioned effects and con-
tributes to a more realistic numerical modeling and simulation of nanocomposites. Starting
on the atomistic level, the elastic properties of the constituents of the nanocomposite,
namely the nanoparticle, the bulk polymer and the nanoparticle-polymer interphase, are
characterized. Besides classical virtual material tests, two new simulation approaches are
developed. Simulating atomic force microscopy allows for a direct comparison to nano-
scaled experiments and can thus contribute to a better understanding of the acting princi-
ples. To overcome associated restrictions, a new approach for the direct calculation of the
mechanical interphase properties based on molecular dynamics simulations is introduced.

The findings and the homogenized elastic properties from the atomistic scale are sequentially
transferred to the microscale, on which models with three levels of detail are investigated.
Representative volume elements containing a homogeneous primary particle distribution
are used for calibrating the finite element simulations and for studying the influence of the
interphase on the elastic nanocomposite properties. By introducing agglomerate unit cells
and representative agglomerate volume elements, the influence of agglomeration and the
agglomerate size distribution can be incorporated step by step. To additionally study the
effect of resin-free areas inside the agglomerates, coupled simulations are developed, which
combine the fundamental ideas of the finite and discrete element method.

The whole multi-scale framework is demonstrated for a boehmite/epoxy nanocomposite.
Because of the small scale, a consistent and direct validation is not feasible with existing
experimental methods and results. With the current assumptions, the elastic nanocompos-
ite properties can be predicted with a lower bound, which provides a good approximation
of the macroscopic experiments, and an upper bound, which shows the potential of the
nanocomposite. Due to the modular implementation of the model generation, the frame-
work can easily be enhanced by possible new findings.

Keywords: Nanocomposite, Molecular Dynamics, Interphase, Agglomeration, Elastic Prop-
erties






Kurzfassung

Nanoskalige Matrixadditive, wie Nanopartikel und Kohlenstoffnanorohren, tragen zu einer
erheblichen Verbesserung der mechanischen Eigenschaften von Polymeren bei. Die genauen
Mechanismen, die zur Steigerung der Eigenschaften fiihren, sind dabei jedoch nicht voll-
stdndig erforscht. Zwei Phénomene, die in der Vorhersage der elastischen Eigenschaften
von Nanokompositen bisher eine untergeordnete Rolle spielen, sind die Ausbildung einer
Partikel-Matrix-Interphase und die Agglomeration von Nanopartikeln. Die Literatur zeigt,
dass beide Effekte die molekulare Struktur und die mechanischen Eigenschaften beeinflussen
kénnen und daher bei der Entwicklung neuer Materialien beriicksichtigt werden sollten.

In der vorliegenden Arbeit wird ein sequentieller Multiskalen-Ansatz zur Vorhersage der
elastischen Eigenschaften von Nanokompositen entwickelt. Der Ansatz beriicksichtigt die
oben genannten Effekte und trigt somit zu einer realistischeren numerischen Abbildung von
Nanokompositen bei. Auf der atomistischen Ebene werden zuniichst die elastischen Mate-
rialeigenschaften der einzelnen Bestandteile des Nanokomposites (Nanopartikel, Polymer,
Nanopartikel-Polymer-Interphase) bestimmt. Neben klassischen virtuellen Materialtests
werden dafiir zwei neuartige Simulationsansédtze entwickelt. Die Simulation der Rasterkraft-
mikroskopie erlaubt einen direkten Vergleich zu nanoskaligen Experimenten und tragt somit
zu einem besseren Verstdndnis der Wirkmechanismen bei. Um damit verbundene Restrik-
tionen zu iiberwinden, wird ein neuartiger Ansatz zur direkten Berechnung der mechanis-
chen Interphaseneigenschaften basierend auf Molekiildynamiksimulationen vorgestellt.

Die Erkenntnisse und die homogenisierten elastischen Eigenschaften der atomistischen Skala
werden schliefilich sequentiell auf die Mikroskala iibertragen, auf der Modelle mit drei ver-
schiedenen Detaillierungsgraden untersucht werden. Reprédsentative Volumenelemente mit
einer homogenen Primé&rpartikelverteilung dienen der Kalibrierung der Finite-Elemente-
Simulationen und der Untersuchung des Einflusses der Interphase auf die elastischen Eigen-
schaften des Nanokomposites. In Form von Agglomerat-Einheitszellen und reprisentativen
Agglomerat-Volumenelementen lésst sich schrittweise der Einfluss der Agglomeration und
der Agglomeratgrofienverteilung hinzufiigen. Um zusétzlich den Einfluss von harzfreien Zo-
nen innerhalb der Agglomerate beriicksichtigen zu kénnen, wurden gekoppelte Simulationen
entwickelt, die die grundsdtzlichen Ideen der Finite Elemente Methode und der Diskrete
Elemente Methode vereinen.

Der komplette Multiskalen-Ansatz wird anhand eines Béhmit/Epoxy-Nanokomposits ver-
anschaulicht. Aufgrund der kleinen Skala ist eine durchgéngige, direkte Validierung mit
existierenden Methoden und Ergebnissen nicht moglich. Die getroffenen Annahmen er-
moglichen die Vorhersage der elastischen Eigenschaften der Nanokomposite in Form einer
unteren Grenze, die gleichzeitig eine gute Anndherung an die makroskopischen experi-
mentellen Ergebnisse liefert, und einer oberen Grenze, die das Potential des Nanokom-
posits aufzeigt. Durch den modularen Aufbau kann die Modellgenerierung problemlos um
eventuelle neue Erkenntnisse erweitert werden.



Schlagwdrter: Nanokomposit, Molekiildynamik, Interphase, Agglomerat, Elastische Eigen-
schaften
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1 Introduction

1.1 Motivation and Aim

Aerospace, automotive or energy industry - the development of new technical prod-
ucts is dominated by contrary desires for more performance, power or functionality
on the one hand and ecological and economic restrictions on the other hand. To
meet these demands, one of the main challenges in today’s engineering is weight
reduction. Besides structural optimization, research is focused on the development
of new materials with increased mechanical properties at low weight.

One of these comparatively new classes of materials are fiber-reinforced composites.
They combine the outstanding mechanical properties of the reinforcement mate-
rial (e.g. glass fiber or carbon fiber) with the good processability and low density
of mostly polymer matrices. Additionally, these so-called fiber-reinforced plastics
(FRPs) offer manifold possibilities for tailoring the material for specific applica-
tions. These positive attributes lead to a widely spread use of FRPs in technical
applications, which can nowadays be found in highly complex structures in aerospace
industries as well as in many areas of our daily lives.

However, in specific cases, the potential of FRPs is limited by the performance of the
matrix material. For instance, the load-bearing capacity of FRPs under compression
load strongly depends on the support of the fibers given by the surrounding matrix
material, which is strongly related to the Young’s modulus and the strength of the
polymer. Other examples of the so-called matrix dominated properties are the shear
modulus, the fracture toughness or the interlaminar shear strength.

One possibility to further improve the matrix dominated properties of FRPs is the
application of nano-scaled matrix additives, such as nanoparticles (NPs) or carbon
nanotubes (CNTs). Both have been shown to be able to improve a broad range
of material properties of polymer materials and FRPs [1-6]. To demonstrate that,
selected results of the investigation of boehmite nanoparticle (BNP) and carbon
fiber reinforced epoxy, which provided the starting point for the DFG research unit
FOR2021, and thus for this thesis, are depicted in Fig. 1.1 [1]. The diagram shows,
that BNPs can improve the selected matrix dominated properties by 10 to 25%.
According to [1], aluminum oxide based reinforcement materials are promising to
increase not only mechanical properties but also thermal properties and process-
ability. The ultimate choice of BNPs is based on the good commercial availability
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and the diverse possibilities for surface modification' due to the surface hydroxyl
groups. In the specific case shown, the BNPs were surface modified with taurine
molecules.
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Figure 1.1: Matrix dominated material properties of a carbon fiber composite with
a weight fraction of 15% taurine modified boehmite relating to the ref-
erence properties without particles [1] (RT: room temperature, HW: hot
wet condition).

Shahid et al. [2] similarly investigated BNPs embedded in an epoxy matrix, but
modified the particles with lysine and parahydroxybenzoate. They reported mostly
inferior matrix dominated properties compared to the unfilled matrix, especially for
high weight fractions. This comparison leads to the conclusion that the NP modi-
fication plays an important role in the development of high-performance nanocom-
posites (NCs). The surface modification alters the chemical interaction between
filler and matrix, and thus very probably also the morphology of the polymer itself
in the vicinity of the fillers, introducing a so-called interphase region.

Another aspect of NCs, that has not drawn much attention to itself in the literature,

1 To ease the processing of the NPs or increase the chemical affinity between the NPs and the
polymer, often organic molecules are applied to the NP surface. This process is referred to as
surface modification.
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especially the numerically focused literature, is agglomeration. Depending on the
chemical composition, NPs typically show a tendency to form agglomerates, which
can easily be 100 times larger than the primary particles. Agglomeration is usually
reduced and controlled during manufacturing, but is often not completely avoidable.
The size and the inner structure of the agglomerates, however, can play a key role in
the mechanical behavior of the NCs. In particular, one question seems to stand out:
Are the agglomerates filled with polymer or not? In case yes, the polymer inside of
the agglomerates can have a significantly different network morphology than bulk
polymer or even the interphase of a primary particle. In case no, the inward surface
of the primary particles forming the agglomerate is detached from the polymer and
the primary particles interact through physical bonds only. It is imaginable that
this case results in lower elastic properties compared to agglomerates, which are
stabilized by covalently bonded polymer on the inside.

Generally, the exact mechanisms leading to a change of the NCs properties com-
pared to the unfilled material are often still unknown. To enable a purposeful virtual
development of NCs, the effects related to the presence of interphases and agglom-
erates need to be understood and incorporated into the material design process.
This thesis proposes a hierarchical multi-scale framework, bridging the atomistic
level, on which the material is modeled as a discrete system of atomic resolution,
to the microscale, on which the effective properties of the NP reinforced polymer
are calculated. The main focus lies on an adequate incorporation of interphase and
agglomeration related effects on the inner structure and eventually on the mechani-
cal properties of the NC. Besides the framework itself, the key feature of the thesis
is the extraction of the elastic material properties of each constituent of the NCs,
especially the interphase properties, on the atomistic scale. To do so, new simu-
lations that mimic the testing conditions of the atomic force microscopy (AFM)
are presented and a new approach for extracting local mechanical properties from
molecular dynamics (MD) simulations is developed. Throughout this thesis, the
whole framework is presented and discussed by reference to BNP /epoxy NCs with
varying interfacial interactions.

1.2 Outline

This thesis is divided into seven chapters.

Following this section, the remaining chapter gives a detailed review of the state
of the art with a strong focus on numerical studies. Besides presenting a general
introduction into the field of NCs, the literature is discussed along with the four main
topics of the thesis, which are the BNPs, the epoxy, the BNP /epoxy interphase and
the agglomeration of NPs.
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Chapter 2 is dedicated to the topic of multi-scale analysis. The concept of the
developed multi-scale framework is presented and the fundamentals of the homog-
enization both from the atomistic to the microscale and from the microscale to
the macroscale are introduced. This includes the discussion of certain prerequisites
of the simulation models, like the choice of the boundary conditions or a possible
mesh size dependency, and the introduction of the mathematical framework for the
calculation of the effective elastic properties. Furthermore, as one of the major con-
tributions of this thesis, a new method for the calculation of local elastic properties
from MD simulations is introduced.

In chapters 3 to 5, the model generation and the simulations on the atomistic scale
are presented. In addition, the effective elastic properties of each constituent of the
NC are reported. Chapter 3 describes the investigation of the mechanical behavior
of the boehmite. Therefore, the new approach of simulating AFM is introduced.
Furthermore, the determination of the interparticulate force-displacement curves is
described, which are needed for the simulation of the unfilled agglomerates on the
continuum level, presented in chapter 6. Chapter 4 deals with the determination of
the elastic properties of the epoxy matrix. Two approaches for the generation of the
cross-linked network structure of the polymer are introduced and a parametric study
of different effects, such as the strain rate or the choice of selected force field parame-
ters on the elastic properties is conducted. In chapter 5, the extraction of the elastic
interphase properties is shown. Two different approaches, an AFM simulation-based
one and the previously mentioned new approach for the direct calculation of local
elastic properties from MD simulations, are presented and compared.

Chapter 6 is dedicated to the simulations and the homogenization on the microscale.
The findings from the previous chapters are assembled to finite element method
(FEM) based NC models. In particular, a new modeling approach for the simulation
of the unfilled agglomerates is introduced, which can be understood as a coupling
of the FEM and the discrete element method (DEM). Furthermore, the influence
of different factors, like the choice of the boundary conditions or a possible mesh
size dependency, is discussed and, ultimately, the effective elastic properties of rep-
resentative volume elements (RVEs) containing homogeneously distributed primary
particles or agglomerated BNPs are reported.

Chapter 7 concludes this thesis by summarizing the major findings and conclusions.
Additionally, open questions are identified to stimulate further research in these
areas.

1.3 State of the Art and Scientific Contribution

In this section, an introduction into the general topic of NCs is provided and the
constituents and peculiarities of this class of materials are discussed. In particular,
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a review of existing and mostly simulation-based approaches for the characteriza-
tion of NCs and the underlying constituents and effects is presented. Most of the
subsections refer to a specific chapter of this thesis, and can thus be regarded as
the state of the art for the work presented there. Existing experimental results
from the FOR2021 research unit are in large parts excluded from this section, but,
whenever helpful, explained and compared to the numerical results of this thesis in
the respective chapter.

1.3.1 Introduction to Nanocomposites

NCs are a comparatively new class of materials, which started to attract increasing
scientific attention in the 90s of the last century. Like every type of composite mate-
rial, this subclass is a multiphase solid material with at least one of its constituents
having a spatial extent in the nanometer (i.e. 107° m) range [7]. There is no abso-
lute definition, but an upper limit, which one may come across in the literature, is
a size of 100 nm.

NCs are typically classified according to their matrix material. The three common
types are ceramic matrix NCs (CMNC), metal matrix NCs (MMNC) and polymer
matrix NCs (PMNC). Not only because they are relevant for the present thesis,
PMNCs are focused here and CMNCs and MMNCs will not be further discussed.
Polymer materials can nowadays be found in many industrial branches, as they are
lightweight, easy to process and commonly cheap. Another advantage of polymers is
that they can easily be modified, e.g. by adding nano-scaled fillers, while maintain-
ing their low density and mostly ductile material behavior. As a downside, some
of the properties of the pure polymers, especially mechanical properties, such as
the Young’s modulus or tensile strength, are poor compared to metals or ceramics.
These weaknesses have already been partly addressed by the development of FRPs,
that typically possess significantly higher specific tensile moduli or strengths than
metals or ceramics. Still, some of the FRPs’ mechanical properties, which are com-
monly summarized under the term matrix dominated properties, are considerably
worse. Examples are the behavior under in-plane compression load or the impact
resistance. Nano-scaled fillers can help to overcome these weaknesses and further
improve the FRPs properties.

A large number of both experimental and numerical studies on different properties
of NCs has been conducted, for instance on the mechanical properties [4-6, 8
10], the electrical properties [11, 12] or the thermal properties [13-15]. Here, we
focus on the mechanical properties and especially on how they are influenced by the
interfacial filler-matrix interactions. It is often shown that the incorporation of NPs
can lead to the increase of a variety of mechanical properties of FRPs, such as the
compressive strength, the fracture toughness or the impact resistance. For instance,
in [1] it was shown that a boehmite weight fraction of 15% leads to an increase of
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the named properties up to 25% for a carbon fiber/epoxy composite. Other studies
substantiate these results. Uddin and Sun [16] investigated silica particle reinforced
glass/epoxy composites and found a significant increase in compressive strength and
transverse tensile strength. Subramaniyan and Sun [17] obtained similar results for
nanoclay/glass/epoxy composites.

The exact cause of the improved mechanical properties is thereby often unknown.
Similar to other composite materials, the goal of NCs is to combine at least two
phases of different matter to obtain a material with superior properties. The main
difference compared to composites with additives of larger size, such as FRPs, is
the exceptionally high specific surface area, as shown in Fig. 1.2. Hence, it can be
hypothesized that the improved NC properties are related to the interfacial inter-
actions between the nano-scaled fillers and the polymer. This is substantiated by
the comparison of studies with the same NPs and polymer, but different surface
modifications, such as [1] and [2]. In both cases, the particle surface is loaded with
different molecules to modify the interaction between particle and polymer. An in-
crease of 10 to 25% of the tensile, compressive and shear properties as well as the
impact resistance of taurine modified boehmite/epoxy NCs was reported in [1]. In
contrast, Shahid et al. [2] found inferior tensile and flexural properties compared to
the unfilled matrix for lysine and parahydroxybenzoate modifications, especially for
high filler contents. This comparison illustrates that the surface modification plays
an important role in the development of high-performance NCs. The changed chem-
ical composition of the NP surface alters the chemical interaction between the filler
and the polymer, and thus very probably not only the interfacial bonding but also
the polymer network structure in the vicinity of the particles. The characterization
of the network structure of the NP-polymer interphase is discussed in more detail
in section 1.3.4.

Another important phenomenon in NCs is the agglomeration of the nano-scaled
fillers before or during the processing of NCs. This effect has also been widely
studied experimentally. For instance, many studies deal with the assessment of the
dispersion quality, e.g. [18, 19]. Other studies discuss the effect of the dispersion
quality on processability parameters, such as the viscosity, or on catalytic effects in
polymers (see e.g. [20]). However, the influence of the dispersion quality and the
resulting agglomerate size distribution on the mechanical properties has not been
satisfactorily discussed in the literature so far. A small number of articles tried to
address this issue, e.g. [21, 22|, but share one major flaw. In these studies, the
agglomerate size distributions are dependent on the weight fraction of the filler,
and thus the measured mechanical properties are dependent on two parameters,
the agglomerate size distribution and the weight fraction. The dependence of the
mechanical properties on the agglomerate size for a constant weight fraction was
not investigated in the named studies. Another article was written by West and
Malhotra [23], who varied the dispersion quality by processing the probe with dif-
ferent ultrasonic treatments and reported a significant influence on the mechanical
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Figure 1.2: Specific surface area per unit mass of a spherical NP in dependence on
the NP diameter.

properties. However, as stated in the same article, the ultrasonic treatment also
shows a considerable influence on the network morphology of the neat polymer.
Thus, this study, again, discusses two overlaid effects. Within the scope of the
FOR2021 project, an attempt to fill this gap was made by investigating BNP /epoxy
NCs with different agglomerate size distributions and a constant weight fraction of
10%. More details about these measurements are discussed and compared in section
6.1. Similarly, the literature about the numerical determination of the influence of
the agglomerate size on the mechanical properties of NCs is rather sparse. Most
of the studies, like [24, 25], collectively report a positive influence of the dispersion
quality on the mechanical properties. More detailed information on these studies is
presented in section 1.3.5.

Under this light, the previously explained comparison between the results of the
taurine modified boehmite/epoxy NC from [1] and the lysine and parahydroxyben-
zoate modified case from [2] can be interpreted differently. Among others, Gao
et al. [26] showed that surface modification can help to obtain a better dispersion
quality by producing more stable NP solutions and preventing re-agglomeration ef-
fects. Though it cannot be reconstructed in detail, it is imaginable that the taurine
modification from [1] led to a finer agglomerate size distribution than the two mod-
ifications investigated in [2]. Thus, the deteriorated properties reported by Shahid
et al. [2] could also be the result of a lower dispersion quality.

Concluding from the previous paragraphs, the effects related to both the interphase
and agglomeration can be regarded to have a major impact on the mechanical prop-
erties of NCs. A more detailed discussion of both effects with the focus on the
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numerical characterization can be found in the following in sections 1.3.4 and 1.3.5.
This section was intended to provide an introduction into the topic of PMNC to
motivate a thorough numerical investigation of the interphase and agglomeration
related effects. For a recommendable and much more comprehensive review of the
general field of NCs, than it is possible in this thesis, the reader is referred to the
article of Camargo et al. [7].

1.3.2 Boehmite

The material for the nano-scaled reinforcement phase used throughout this thesis is
boehmite. Boehmite is a mineral named after the Czech-German chemist Johann
Bohm (1895 - 1952), who first studied the species employing X-ray diffraction (XRD)
measurements [27]. Since then, its structural properties have been widely studied,
e.g. experimentally through XRD by Bokhimi et al. [28] or by means of Raman
spectroscopy by Kiss et al. [29] and numerically through quantum mechanics by
Tunega et al. [30] and Noel et al. [31]. Boehmite is classified as an oxyhydroxide (y-
AIO(OH)) with a base-centered orthorhombic unit cell with the lattice parameters a
=3.693 A, b=12.221 A and ¢ = 2.865 A. Its crystalline structure consists of double
layers of oxygen octahedrons bonded to central aluminum atoms. The hydroxyl
groups of each layer are bonded via hydrogen bonds to the hydroxyl groups of the
obverse layer.

As boehmite is a component of bauxite, its main focus in technical applications is
the production of aluminum. Only recently, boehmite was discovered as a partic-
ulate filler material for NCs [32]. Thus, and also because boehmite is rarely well
crystallized and stable at the macroscale [33], the mechanical properties of mono-
crystalline boehmite can hardly be found in the literature. From nanoindentation
experiments, a Young’s modulus of 120 GPa was reported for boehmite using a
sample of APYRAL AOH20 (Nabaltec AG) [34]. However, this study has two ma-
jor weak points. Firstly, though of quite similar structure, APYRAL AOH20 is
not boehmite, but gibbsite (AI(OH)3) [35] and secondly, the used samples were not
mono-crystalline. Generally speaking, the applicability of nanoindentation for the
determination of the mechanical properties of boehmite is questionable. The thick-
ness of the used boehmite sample should be at least in the higher pm range since
the maximum indentation depth in nanoindentation should not exceed 10% of the
sample height to obtain undisturbed results [33]. To the knowledge of the author,
mono-crystalline boehmite does not exist in this order of magnitude.

Tunega et al. [30] studied the elastic properties of boehmite from a numerical point
of view, using the density-functional theory and the density-functional based tight-
binding method. They reported bulk moduli of 93 GPa and 82 GPa, respectively.
Assuming, for simplicity, isotropic behavior and a Poisson’s ratio of 0.22, the Young’s
modulus can be estimated to fall within a range of 138 to 156 GPa.
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To provide further insight into the mechanical behavior of boehmite, within the
scope of the FOR2021 project experimental studies on the mechanical properties of
boehmite were conducted by the Bundesanstalt fiir Materialforschung und -priifung
(BAM). The results from AFM measurements on commercially available spray-dried
boehmite NPs (Disperal HP14, Sasol) [36] embedded in an epoxy matrix (for further
details see section 3.1) indicated a conspicuously lower stiffness than expected from
the literature. Thus, a comprehensive experimental and numerical study on the
mechanical behavior of boehmite was conducted as a collaboration of the ISD and
the author of the thesis on the one hand and the BAM on the other hand, as
published in [33]. In section 3.1, the respective results of the numerical investigations
are presented and discussed.

Besides the material behavior and the mechanical properties of boehmite, the inter-
action between the NPs is needed for the multi-scale framework presented in this
thesis. In DEM simulations, that deal for instance with the formation of agglom-
erates (see e.g. [37]), the interparticulate forces are modeled using the so-called
Hamaker function [38]
A RiR
6r2 Ry + R’ (1.1)

which describes the interaction forces Fr depending on the radii R; and Rz and
the distance r between the two interacting particles. In the above equation, A is
the Hamaker constant, which depends on the contacting materials. This constant
has been calibrated for many materials, but it can also be determined experimen-
tally, e.g. by performing AFM-like experiments as shown in [39], or numerically, as
e.g. shown by Hongo and Maezono [40]. In the scope of this thesis, the Hamaker
function itself is not used, but the idea for the numerical determination of the in-
terparticulate forces is adopted. Therefore, a statistically representative number of
randomly generated and orientated particle-particle models is subjected to tensile,
compression and shear load, while the interaction forces are recorded. More detailed
information on this approach is presented in section 3.3.

Fy =

1.3.3 Epoxy

Polymers, and specifically epoxy, are a widespread and well-known material, which is
why only the modeling and characterization using MD approaches will be discussed
in this section. Besides that, a summary of the experimental results of the specific
epoxy used in the FOR2021 project is given in section 4.2.

The foundation for the numerical prediction of the material behavior of polymers
using MD simulations is the generation of realistic and well-equilibrated models of
the polymer network structure. Most of the proposed approaches rely on geometric
considerations, where bonds are formed whenever the distance between two reactive
sites becomes smaller than a specified reaction cutoff. Examples of this approach,
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that has become the standard method for generating cross-linked polymer models,
can be found in [41-43]. Most of the developments in this field are extensions of this
general approach. For instance, Lin and Khare [44] proposed a framework in which
pairs of reactive sites are identified, that minimize the sum of the bond lengths of all
created bonds. Other developments can e.g. be found in the area of charge updating
during the cross-linking simulations (see e.g. [45]). In this thesis, no advances in
this field are made, but the general geometric approach explained above is used, as
described in detail in section 4.3.

Because of the limited resolution of experimental methods, a direct validation of
the chemical structures generated with the above approaches remains challenging
and an indirect validation is still inevitable. Progress in this field was e.g. made by
Hidicke and Stutz [46] and Cheng and Chiu [47] with the estimation of the gel point
and by Rigby and Roe [48] and Mansfield and Theodorou [49] with the calculation
of the glass transition temperature from MD simulations. As both of the named
properties highly depend on the chemical composition of the system, they can be
considered to be an indicator of the quality of the generated network structure.

Most relevant for this thesis is the mechanical characterization of epoxy using MD
simulations, especially regarding the elastic properties. In the literature, two general
approaches exist [50], which mainly differ in how the load is applied. Firstly, the
elastic properties can be calculated from a constant strain or stress state. In this
case, a small strain or stress is applied to the model followed by an energy mini-
mization. The elastic properties can then be calculated in two ways. As proposed
by Theodorou and Suter [51], the stiffness constants are obtained by calculating
the second derivative of the potential energy with respect to the strain. Alterna-
tively, the stress or strain fluctuations can be used to determine the elastic constants
employing statistical mechanics, as proposed by Parrinello and Rahman [52]. The
major disadvantage of this general approach is the long simulation time, that is typ-
ically needed to obtain the equilibrated system after loading. In the second general
approach, a time-dependent strain or stress is applied similar to real experimental
testing, as e.g. shown by Brown and Clarke [53]. An advantage of this approach is
that the complete stress-strain relation can be simulated, and thus other properties,
like the yield stress, can be obtained. Additionally, strain-rate dependent effects
can be investigated with this method. Mainly because it promises more efficient
simulations, the latter approach is adopted in this thesis.

Numerous numerical studies have been published about the elastic constants of
polymers and the influence of many parameters, such as the degree of curing, tem-
perature, strain rate, etc. It has for instance been found that the elastic properties
strongly depend on the degree of curing of the polymer, as e.g. shown by Li and
Strachan [54]. In particular, Shenogina et al. [55] reported that this influence is
more pronounced for polymer systems comprising short monomers or curing agents.
Other studies report an influence of the force field or selected force field parameters
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on the elastic properties of polymers [56]. Especially, the choice of the nonbonding
potential can play an important role, as Li and Strachan [45] observed that the
use of the Buckingham potential instead of the Lennard-Jones potential can lead
to a better prediction of the polymer properties with respect to experimental data.
Despite the large differences of the strain rates used in the experiments (typically
~ 107*1/s) and the simulations (typically in the range of 10® to 10'°1/s), most of
the available numerical studies in the literature show a good agreement with exper-
imental values or report that there is no influence of the strain rate on the elastic
properties. Examples can be found in [54, 57]. However, other studies, like [58],
observe an influence of the strain rate, in this case on the shear modulus. Yet other
numerical studies report significantly higher Young’s moduli than experimental mea-
surements (see e.g. [59]), which could indicate a strain rate dependency. From this
short overview, it can be concluded that many factors can influence the prediction
of the elastic properties using MD. In the available literature, it is not always clear
how the results were obtained and how the named effects were considered. A more
detailed interpretation and the authors’ view on the state of the art under the light
of the parametric studies performed in this thesis are presented in the concluding
section of chapter 4.

The literature situation concerning the numerical modeling and characterization of
polymers is quite extensive. In this thesis, the mechanical characterization of the
pure polymer is rather an application of existing approaches than the development
of new methods, which is why only the fundamentals were presented in this section.
A much more comprehensive overview can be found in [50].

1.3.4 Nanoparticle-Polymer Interphase

For the characterization of most materials or material constituents, well established
experimental approaches exist. However, similar to the characterization of boehmite,
the small size of the involved phases in NCs adds considerable difficulties and limits
the possibilities of experimental testing. Thus, many studies in the literature focus
on indirect methods for the characterization of the elastic interphase properties.
The elastic properties of the filler, the matrix and the NC are typically known from
macroscopic mechanical tests. Combining these results with analytical models, such
as the Hashin-Shtrikman model [60] or the Mori-Tanaka model [61, 62], the effective
interphase properties can be calculated, as e.g. shown in [63-66]. Similarly, instead
of analytical models, FE models can be used, as e.g. presented by Bondioli et al.
[67] and Qiao and Brinson [68]. Such indirect approaches have several downsides.
Since analytical models completely ignore the underlying effects that lead to the
existence of the interphase, they are often inaccurate. For instance, as the network
morphology of the polymer in the vicinity of the NPs is unknown, the thickness
of the interphase region is unknown as well. Thus, assumptions for the thickness
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are made in the inverse calculation, resulting in elastic properties that are strongly
dependent on this assumption. As another disadvantage, only effective interphase
properties are available but no stiffness gradients throughout the interphase.

Recent developments in the mechanical testing on the nano-scale aim at a direct ex-
perimental measurement of the mechanical properties of NP /polymer interphases,
but so far a well-performing approach has not been reported [69]. A promising
method is the intermodulation AFM (ImAFM) [70], which has a high enough reso-
lution to be able to separate the interphase from the other phases. However, so far no
mathematical framework to describe the dependence of the elastic properties on the
cantilever amplitude and frequency has been derived. Classical force-displacement
curves (FDCs) measured by AFM suffer from several restrictions. Typically, avail-
able AFM tips diameters are in the range of d ~ 30 nm. Since, in contrast to the
imAFM, a real indentation is performed, the deformed volume is too large to sepa-
rate the interphase and the other phases. Furthermore, close to a phase boundary,
the measurement of mixed moduli of both phases is inevitable.

To overcome the difficulties with the experimental characterization of the elastic
interphase properties, numerical approaches, such as MD, can be convenient. These
approaches are well suited for capturing small time and size scales and allow much
easier access to the molecular structure and its modification. In MD simulations,
the interphase is not explicitly modeled, as in the case of FEM simulations. In-
stead, it is automatically comprised in the atomistic structure whenever two phases
of different matter border on each other. More details about the interpretation of
the interphase and its modeling in the context of PMNCs can be found in chapter
5. The most common approach are inverse algorithms, which compare the results
of MD simulations to analytical or FE calculations, as schematically illustrated in
Fig. 1.3. Firstly, virtual tensile tests are simulated in MD. These simulations do not
require any information about the elastic properties of the components but only the
atomistic structure, which automatically contains the NP /epoxy interphase. Then,
FEM simulations with known Young’s moduli of the bulk epoxy and NP (e.g. from
tensile tests) and with varying interphase Young’s moduli are preformed, until the
MD and FEM results converge. Many examples can be found in the literature. For
instance, Cho et al. [71] used effective interface FE models for the prediction of
the mechanical properties of nanoparticulate composites. In this study, silica filled
polyimide was investigated regarding its effective interphase properties without con-
sidering a covalent bonding between filler and matrix and with varying particle sizes.
In a similar approach, Shin et al. [25] reported effective interphase properties for sili-
con carbide/polypropylene NCs including agglomeration effects. Many other studies
showed similar approaches, e.g. [59, 72, 73]. A different procedure was proposed
by Arash et al. [3]. In this study, the interphase properties of CNT /polymer com-
posites were calculated as the second derivative of the interaction energies between
CNT and polymer with respect to the applied strain. All the mentioned studies
share two major drawbacks. Firstly, the filler phase and the polymer are mostly
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assumed to be chemically unbonded. Though this may be a realistic assumption for
unmodified CNTs, common NP surface modifications aim at establishing chemical
connections between the filler and the polymer to improve the mechanical proper-
ties of the NC. By not considering or varying the interfacial bonding in the above
studies, the influence of the chemical interaction on the elastic interphase proper-
ties remains unclear. Secondly, these approaches do not allow for the calculation
of stiffness gradients throughout the interphase but only deliver effective interphase
properties.

FEM

Bulk epoxy
(known Ep)
PN
AVAVAVZANVAVA
Particle o
(known Ep)
Interphase VAVAVAVAY

(unknown Ej)

Stress (MPa)

— MD
—— FEM (varying Ey)
I

Strain (-)

Figure 1.3: Schematic illustration of the concept of inverse algorithms for determin-
ing the effective interphase properties.

Other numerical studies focus on the interfacial bonding between filler and matrix.
In a variety of articles, reactive MD simulations were performed to investigate the
formation of polymer networks under the influence of another phase. For instance,
Farah et al. [74] simulated the interphase formation of polystyrene in the presence of
an artificial surface. Other studies, e.g. the article written by Arash et al. [5], inves-
tigated the influence of surface modifications, and hence varied interfacial bonding,
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on the mechanical behavior of CNT/polymer composites. These studies report a
considerable influence of the interfacial bonding on the mechanical properties of the
NC. However, the interphase properties themselves are not investigated.

The existing literature still lacks a coherent numerical investigation of the connection
between the interfacial bonding of the filler and polymer phases and the mechanical
interphase properties. In this thesis, two different methodological frameworks for the
characterization of the mechanical interphase properties from MD simulations are
proposed. In the authors’ early scientific work, AFM simulations were developed
and conducted on the BNP /epoxy interphase for varying interfacial bonding, as
presented in section 5.1. In contrast to real AFM, the AFM tip diameter can be
significantly reduced, allowing for spatial separation of the interphase, boehmite and
epoxy regions and the determination of the stiffness gradient in the interphase. This
approach, however, shares the major drawback of measuring mixed moduli close to
the phase boundaries. Thus, a different approach was developed. The fundamental
idea of this approach is to divide the simulation models into subsections (e.g. slices
of the simulation model, further details can be found section 2.2.1 and section 5.2),
for which the stress and strain tensors are formulated based on the virial stress (see
e.g. [75]) and the atomic strain proposed by Falk and Langer [76]. The stress and
strain tensors can then be used for the homogenization of the mechanical properties
of each subsection. Similar to the AFM simulations, the advantage of this approach
over methods from the literature is that, depending on the choice of the subsections,
the stiffness gradient throughout the interphase can be calculated in addition to the
effective interphase properties. The approach is derived in section 2.2.1 and applied
to the investigation of the interphase properties of BNP /epoxy NCs with varying
interfacial bonding in section 5.2. To get rid of particle size-related effects, the idea
of layered structures existing in the literature (see e.g. [77-79]) is adopted.

1.3.5 Agglomeration of Nanoparticles

As already stated in section 1.3.1, experimental studies in the field of agglomeration
mostly deal with the determination of the dispersion quality or its influence on pro-
cessing parameters, like the viscosity. An investigation of the correlation between
the agglomerate size distribution and the mechanical properties or the impact of
agglomeration on the polymer network formation cannot be found in the experi-
mental literature. There are only a few numerical studies, that tried to fill this gap.
Most of them focus on topics similar to the experimental literature, for instance the
formation of agglomerates by means of MD [80] or Monte Carlo simulations [81, 82].
Numerical studies concerning the influence of agglomeration on the mechanical prop-
erties of the agglomerates or the NC are rare. The most common approach, that
can be found in the literature, are micro-mechanical models, such as the model
presented by Shi et al. [83]. In this article, the Mori-Tanaka model [61, 62] was
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extended to account for spherical inclusions that represent clustered NPs or CNTs
and the surrounding polymer. An application of this approach within a hierarchical
multi-scale approach spanning from the nano to the macroscale is e.g. shown in
[84]. Ultimately, the probability distribution of the macroscopic Young’s modulus is
reported and compared to experiments. Other articles, like [85, 86], present similar
micro-mechanical approaches, but are by far not as comprehensive as the previous
one. Though these studies show a good agreement with experimental results, from
the authors’ point of view the main weakness of these micro-mechanical approaches
is that they ignore the underlying molecular structure. For instance, effects like the
interfacial interaction between the filler and the polymer are neglected and a per-
fect bonding is assumed. Another important aspect, that is not considered, is the
question whether the agglomerates are filled with polymer of not. The consequence
of such effects is only expressed through parameters, with which the model can be
calibrated.

One of the key mechanisms in agglomerates is the overlap of the interphases or, in
other words, the reduction of the overall interphase volume caused by the closely
located primary particles. Shin et al. [25] addressed this issue by simulating two
NPs with varying distance embedded in a polymer matrix employing MD. The
outcome of this study is the homogenized NC Young’s modulus in dependence on
the interparticulate gap. It was shown that the Young’s modulus decreases with
decreasing distance between the NPs. Though this study can generally be regarded
as a valuable contribution, it has some considerable flaws. The major disadvantage
is that the interfacial bonding between the fillers and the polymer and the expected
alteration of the network structure have not been systematically studied. In fact, the
interfacial bonding and the characteristics of the cross-linked polymer have not been
mentioned at all. Another drawback is the expected dependence of the results on the
particle size. The study ultimately transfers the findings from the MD simulations
to an FE model, but it remains unclear how larger agglomerates can be simulated.

A first real approach for the simulation of agglomerate UCs in the FEM framework
was presented by Pontefisso et al. [87]. The article focuses on an algorithm for
the generation of agglomerate UCs with a high filler weight or volume fraction
and also discusses the application of this algorithm to an artificial NC material.
The dependence of the Young’s modulus on the number of primary particles per
agglomerate, the agglomerate volume fraction and the properties of the artificial
interphase is discussed. A quite low influence of the agglomerate size on the Young’s
modulus was observed. The article is intended to introduce a modeling approach
for agglomerate UCs, that can be fed with data from other sources, rather than
providing a comprehensive study of the phenomenon of agglomeration inside of
NCs. Still, as it is, it completely ignores the underlying molecular structure and
neglects several effects, e.g. related to resin-free areas inside of the agglomerates or
the agglomerate size distribution.
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Concluding, the literature concerning the numerical investigation of the influence
of agglomeration on the mechanical properties of NCs is incomplete. The ultimate
goal of the present thesis is to introduce a hierarchical multi-scale framework, with
which the open questions can be addressed and the mechanical properties of RVEs
containing agglomerated NPs can be predicted. Therefore, the necessary material
input of each constituent of the NC (i.e. boehmite, epoxy, the BNP-epoxy interphase
and the BNP interactions) is calculated on the atomistic scale using MD simulations.
The resulting elastic properties are homogenized and transferred to the microscale,
on which at first agglomerate UCs are modeled and simulated using the FEM. To
account for possible resin-free areas, the idea of the DEM is adopted, where the
particles are treated as point masses and the interaction between the particles is
modeled by spring elements (for further details see section 6.3.1). Ultimately, in a
second homogenization step, the findings from the agglomerate UCs are passed to the
agglomerate RVEs, which include the influence of the agglomerate size distribution.
The idea of the whole multi-scale approach is introduced in detail in the following
chapter. Details about the model generation and the simulation results on the
microscale can be found in chapter 6.



2 Multi-Scale Analysis

The main purpose of this chapter is to present the idea of the proposed multi-
scale framework in detail. Additionally, an introduction to the theory of multi-scale
analysis and homogenization is given, in which the mathematical and modeling
framework for the calculation of the effective elastic properties is discussed with
respect to the present problem.

2.1 Idea of the Proposed Multi-Scale Framework

The term multi-scale analysis denotes the investigation of a problem that covers
several time or length scales. In the context of this thesis, as in the field of mechanics
in general, it is understood as a framework to incorporate lower-level effects (e.g.
caused by a heterogeneous microstructure or by a time-dependent material behavior)
into the simulation of macroscopic structures or materials. Here, especially the
spatial transition from the atomistic level to the microscale and from the microscale
to the macroscale is focused.

Three main types of multi-scale analyses exist: the concurrent, the semi-concurrent
and the hierarchical multi-scale analysis. In the concurrent multi-scale analysis,
the simulations on the different scales are coupled and carried out simultaneously.
For instance, in the FE framework, all integration points of the higher scale can
be coupled to an underlying RVE on the lower scale, which describes the effective
behavior at this material point. The main advantage of this approach is that no
material model is needed to describe the macroscopic material behavior. This,
in turn, implies that the transfer of the material behavior from the micro to the
macroscale can be free of any assumptions (e.g. rheological models), which are
typically necessary for the development and characterization of material models.
However, the efficiency of this approach is usually low, since both the macro and
the micro model are analyzed at every time increment. To confine the run times, it
is crucial to choose the RVE as small as possible and to create meshes as coarse as
possible, especially on the fine scale. Furthermore, the definition of correct boundary
conditions (BCs) to transfer the respective stress or strain states both from the
higher to the lower and from the lower to the higher scale can be challenging.

The semi-concurrent multi-scale analysis can be understood as a special case of
the concurrent approach. The simulations on the two scales are still carried out
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simultaneously and information is transferred both from the coarse to the fine scale
and vice versa. Hence, both approaches can be assumed to have a comparable
efficiency. The main difference of the semi-concurrent multi-scale analysis is that
the compatibility and the momentum balance are only satisfied approximately. A
common example is the FE? method [88, 89]. Generally, semi-concurrent multi-scale
approaches are more flexible and allow for a coupling of different software packages,
such as MD and FE software [90, 91].

In the hierarchical multi-scale analysis, simulations on the different scales are per-
formed independently and sequentially. Typically, starting with the simulation on
the lowest scale, the desired properties are homogenized and passed as an input
to the next higher scale. For instance, in the FE framework, a microscale RVE,
e.g. containing voids, can be simulated and used for the homogenization of the
mechanical properties. Based on the results, a material model that describes the
macroscopic material behavior can be calibrated. The main advantage of this ap-
proach is a much higher efficiency since the simulations on the lower scale have to
be carried out only once, no matter how many calculations are performed on the
macroscale. Thus, RVEs can be much more refined, which might lead to more ac-
curate results. Additionally, a direct coupling and the transfer of the stresses and
strains between the two scales is no longer required. The main challenge is the
development and calibration of appropriate material models on the higher scale.

The framework proposed in this thesis involves two homogenization steps, as illus-
trated in Fig. 2.1. In the first step, the elastic properties of the bulk epoxy, the
interphase and the boehmite are homogenized on the atomistic scale and inserted
into the microscale FE models. In the second homogenization step, these microscale
FE models are homogenized again, to obtain the macroscopic elastic properties,
which could be used to simulate macroscopic particle reinforced structures or to
continue the homogenization process for particle- and fiber-reinforced composites.
The simulations on the mesoscale and macroscale are, however, not part of this
thesis. To perform the homogenization from the atomistic scale to the microscale,
in a concurrent or semi-concurrent multi-scale scheme a coupling between MD and
FEM would be required for each integration point of the microscale model. Though
the molecular dynamic finite element method (MDFEM, [92-94]) generally provides
a suitable framework to realize this coupling, MD methods are not efficient enough
to calculate coupled MD/FEM-RVEs within a reasonable run time, especially not
for parametric studies. Furthermore, in a concurrent coupling of atomistic and con-
tinuum simulations, it is unclear how to enforce the compatibility between the two
scales. Due to these limitations, in the scope of this thesis, a hierarchical multi-scale
approach is developed.

A detailed schematic illustration of the proposed framework is shown in Fig. 2.2.
Please note that in the scope of this thesis the term microscale is not used for the
fiber matrix level, which it is often associated with for FRPs, but for the scale, on
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Mesoscale

Atomistic scale Microscale

Macroscale

Figure 2.1: Homogenization steps from the atomistic scale to the microscale and
from the microscale to the meso / macroscale.

which the particle-matrix interactions are investigated. To explain the proposed
framework, let’s first consider the higher scale, the microscale, on which ultimately
two cases are simulated. Firstly, RVEs of homogeneously distributed BNPs in an
epoxy matrix are considered. These models are used to calibrate the microscale
simulations by e.g. comparing different types of BCs (periodic BCs (PBCs) and dis-
placement BCs (DBCs)) and investigating a possible mesh size dependency. More
details can be found in section 2.2.2 and section 6.2.2. Additionally, the influence
of the interphase on the elastic properties can be investigated separated from ef-
fects related to agglomeration. The second type are agglomerate RVEs. These
models contain agglomerates in a statistically homogeneous way according to the
experimental agglomerate size distribution. Therefore, in an intermediate step, the
mechanical properties of agglomerate UCs embedded in the epoxy matrix are cal-
culated and the effective UC properties are transferred to the agglomerate RVEs.
The reason for this two-step approach are numerical restrictions, which prevent the
model generation and simulation of RVEs containing multiple large agglomerates.
Average agglomerate sizes in the present material system are reported to be 105 nm
[95]. Assuming, for simplicity, spherical particles and a dense sphere packing, the
number of primary particles in one average agglomerate can be estimated to be
around 300. The numerical cost of such an agglomerate UC is too high to possibly
realize RVEs without an intermediate step.

In reality, it is unknown to which extent agglomerates are filled with polymer. It
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Figure 2.2: Schematic illustration of the proposed hierarchical multi-scale scheme.
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is imaginable that this question can have a tremendous influence on the overall
behavior of the NC. If the agglomerates are filled (see Fig. 2.3 (a)), the polymer
can possibly bond to the primary particles and thus stabilize the agglomerate and
improve the stress transfer between the primary particles. At the same time, a chem-
ical bonding between the BNPs and the epoxy can result in a network morphology
that significantly deviates from the bulk polymer. In case of unfilled agglomerates
(see Fig. 2.3 (b)), the stress transfer between the primary particles is solely realized
through the nonbonding interactions between the particles (indicated by the springs
in Fig. 2.3 (b)), which could result in a considerable reduction of the stiffness of
the unfilled agglomerate compared to the filled one. To account for this question,
the two different cases are implemented as follows. In the first case, in which the
agglomerates are filled with polymer, the models are a special case of the previously
mentioned homogeneously distributed RVEs with clustered NPs, but solely based
on continuum mechanics. The interesting effect in these models is the overlap of the
interphases caused by the closely located BNPs, which causes an overall reduction
of the interphase volume. In the second case, in which the agglomerates are unfilled,
the polymer region inside the agglomerates is removed. The interparticulate inter-
actions are described by a DEM-like approach as non-linear spring elements. More
details about the modeling of all described cases can be found in chapter 6.

Figure 2.3: Schematic illustration of (a) an agglomerate filled with polymer and
(b) an unfilled agglomerate. The springs visualize the interparticulate
interactions.

To generate and simulate the microscale models, input from the lower atomistic
scale, such as the elastic constants or the thickness of the interphase region, is
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needed. The starting point are MD simulations for the determination of the elastic
properties of the pure constituents, namely the boehmite and the epoxy. Typically,
this is done by virtual tensile tests, which are nowadays standard MD applications.
However, the characterization of both materials turned out to entail certain dif-
ficulties, that needed further attention. On the one hand, virtual tensile tests of
boehmite showed large deviations from the results of AFM experiments. By sim-
ulating AFM on BNP /epoxy samples, the cause of these differences could in large
parts be clarified, as discussed in chapter 3. On the other hand, as explained in the
introduction, the modeling, as well as the resulting properties of epoxy, depend on
many parameters and factors, such as the strain rate or the degree of cross-linking.
Hence, a proper calibration of the models can be challenging. A detailed discussion
can be found in chapter 4.

As pointed out in the introduction, the interphase between the BNPs and the epoxy
can considerably influence the NCs properties. However, a direct characterization of
the mechanical properties of the interphase with respect to the interfacial bonding
was not achieved so far in the literature, neither by experiments nor by numerical
simulations. Within the proposed multi-scale framework, two different approaches
are developed and compared. Firstly, the previously mentioned AFM simulations
are conducted on the BNP /epoxy interphase with varying distance from the BNP
surface, resulting in stiffness gradients throughout the interphase. Alternatively, a
new approach for the direct calculation of local elastic properties from MD simu-
lations is derived, which is also capable of capturing the stiffness gradient but can
also directly deliver the effective interphase properties.

The missing ingredient for the simulation of the coupled FEM-DEM models rep-
resenting the unfilled agglomerates are the interparticulate interactions between
the primary particles. Therefore, a statistically representative number of models
consisting of two randomly orientated primary particles is simulated under tensile,
compression and shear load. The resulting force-displacement curves are used in
non-linear spring elements on the microscale.

To the best knowledge of the author, the proposed framework represents the first
attempt of collectively and comprehensively incorporating all the important aspects
of NCs, such as the interphase, agglomeration and the agglomerate size distribution,
into one multi-scale scheme.

2.2 Homogenization Procedure

Homogenization describes the process of simplifying a discrete or heterogeneous
system to a homogeneous one. As mentioned before, in this thesis, a homogenization
on the atomistic scale and a second homogenization on the microscale are performed.
The mathematical framework for both is presented in the following.
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2.2.1 Homogenization on the Atomistic Scale
Representative Volume Elements

To be representative of the material, the simulated volume elements (VEs) should
fulfill the condition

Il <<a. (2.1)

It states that the characteristic size [ of any structural feature of the system should
be considerably smaller than the size of the VE a. For a NC RVE, the characteristic
size [ can be interpreted as the primary particle or agglomerate size. However, since
only the constituents of the NC but not the NC itself are simulated on the atomistic
scale, here the characteristic length has a different meaning. An interpretation of [
for the epoxy system could be the length of the monomer chains and the diameter
of the curing agent molecule. In case of boehmite, this condition does not impose
any restrictions, since the (ideal) boehmite crystal is periodic by nature.

A second condition for the choice of the VE size is the minimum-image convention.
It states that each atom contained in the simulation only interacts with the closest
image of the remaining atoms in the VE. This leads to the condition

a>2R., (2.2)

with R. being the cutoff for the nonbonding interactions.

Boundary Conditions

With a few exceptions, which are marked as such in the following chapters, all
atomistic simulations are performed using PBCs. The principle idea is that a small
material excerpt is assumed to be embedded in periodic images of itself, forming an
infinite and thus boundary-free sample (see Figure 2.4). The main advantage of this
type of BCs is that due to the more realistic embedding the macroscopic properties
can typically be calculated from fewer atoms compared to other types of BC, such
as vacuum BCs.

The primary cell is virtually replicated in all spacial directions, that are present
in the simulation, leading to 26 image cells in the 3D case. The image cells are
exact copies of the primary cell, sharing its size, shape, the number of atoms, the
position of each atom relative to the cell center of mass and the total momentum. To
ensure this, atoms that are leaving the primary cell are reentering on the opposing
box boundary. The periodicity is ultimately achieved by allowing the atoms of the
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image cells

a=(-1,1)

L o= (1,-1)

Figure 2.4: 2D schematic illustration of the idea of PBCs in MD simulations. o is
the normalized direction vector of the image cell.

primary cell to interact with the image atoms of the neighboring cells, by formulating
the interatomic force between atom n and m

i U (r™™)
=% 7 2.
f G (2.3)
with
P =" — L. (2.4)

Thereby, m is the index of all neighboring image atoms of atom n within the non-
bonding cutoff R., m is the index of the corresponding primary cell atom and L
denotes the vector of the box sizes. The vector

(e3}
a= |az|, with a1, a2, a3 € [-1,0,1], (2.5)
a3

describes the normalized direction vector of the image cell the neighbor atom m is
located in (see also Fig. 2.4). Each atom n can experience forces induced by each
atom m from the primary cell and each atom m from all image cells. To avoid a
double count of interactions or interactions of the atom n with an image of itself,
the cutoff for the physical interactions under PBCs is truncated to R. < 1/2min(L)
(compare Eq. 2.2), which is the already introduced minimum image convention.
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Calculation of the Effective Elastic Properties

The main challenge in the homogenization process from the atomistic to the mi-
croscale is an appropriate definition of the stress and the strain on the lower scale,
since both are continuum measures and thus per se not defined in discrete sys-
tems. However, by applying the previously described PBCs, the strains can easily
be calculated from the deformation of the simulation box according to

Uij

his

(€ij)v = (2.6)

Thereby, (-)y denotes the volume average and wu;; is the j-th component of the
displacement vector of the box boundary perpendicular to ¢ (see Fig. 2.5). The

matrix h is defined as
0 0

h= ol, (2.7)
C

o O Q

b
0

where a, b and c are the VE dimensions.
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Figure 2.5: 2D schematic illustration of the displacement vectors on the VE bound-
aries.

The choice of a stress measure is not as straight forward. Two approaches are con-
troversially discussed in the literature, which mainly differ by the question whether
a kinetic contribution should be considered or not. In the article of Zhou [96], it
is shown that the commonly accepted form of the virial stress including the kinetic
term is wrong. However, later, other studies, like [97], claimed that the formulation
derived by Zhou [96] is also incorrect. Since there is neither a proof nor an absolute
consent in the literature, here, the well accepted virial stress is used. It was firstly
proposed by Clausius [98] and has been empirically shown to provide an appropriate
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equivalent to the Cauchy stress of a continuum. According to [75], the stress of the
simulation box is defined as

(@) = (= S @ — o)) (0"~ )+ 5 ST R (28)

n,m#n

Thereby, V is the volume of the simulation box, m" is the mass of atom n, v" is
the velocity vector of atom n, (v)y is the vector of the average velocity of all atoms
in the VE, #™™ is the vector pointing from atom n to atom m and f™™ is the force
vector between these two atoms. The first term in the parenthesis in Eq. (2.8) is
related to the kinetic energy, which mainly arises from thermal movements of the
atoms and deformations at high strain rate. The second contribution describes the
potential energy stored in the interatomic interactions.

With known stresses and strains, the effective elastic properties can be obtained by
solving Hooke’s law

(o)y =C: (e)v. (2.9)

Calculation of the Local Elastic Properties

The aforementioned procedure works well for calculating the elastic properties of
the bulk epoxy and the boehmite crystal. However, in general, it can only be
used to determine the elastic properties of the whole model but not of a phase or
region contained in the model. This limitation arises from the fact that both the
stress and strain formulation depend on the VE dimensions and volume (compare
Eq. 2.6, Eq. 2.7 and Eq. 2.8). The interphase cannot be separated from the
other phases and only exists in their presence. In other words, a VE containing
only the interphase does not exist. It should furthermore be kept in mind that,
in contrast to continuum mechanics, no element stress or strain definitions exist
in MD, which could be used to calculate local elastic properties. Thus, a different
approach to extract the elastic interphase properties is necessary. In the following, a
new method for the calculation of the elastic properties of subsections of molecular
models is described, as also published in [99]. Therefore, it is necessary to define
stresses and strains in the subsections in such a way that they no longer depend on
the VE dimension and volume. In this thesis, these subsections can be understood
as slices of the simulation box, which can easily be generalized to arbitrarily shaped
contiguous geometric regions. To ease the comprehensibility, Fig. 2.6 shows a
schematic illustration of the approach and introduces some of the variables used.

Following the definition of the virial stress (see Eq. 2.8), the stress of region R is
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Figure 2.6: Schematic illustration of the approach for the calculation of the local
elastic properties from MD simulations

defined as

1 n n
(0is)r = D_ V"ol

1 - 1 (2.10)
= o Sl — (wida) (0 — (o)m) 5 0 T,
neRr n

where the first sum is performed over all atoms n associated with region R, instead
of over all atoms contained in the simulation box. This is the main difference to the
previously introduced virial stress. The volume of region R is chosen to be the sum
of the Voronoi volumes of all atoms n in region R, which converges to the geometric
volume of the region for a sufficiently large number of Voronoi cells. Furthermore,
in the above equation, ¢ and j represent the spatial directions. It should be noted
that in MD, in contrast to continuum mechanics, always the the product V"o’ is
calculated, not the stress o;; itself. This is a result of the atomic force fields used
in MD, which replace the continuum material models. In the second line in Eq.
2.10, all variables following the first sum are calculated by the solver, which means
that the product V"¢, in the first line is explicitly given. This implies that the
controversial choice of an atomic volume V" is not necessary to obtain (o;)r.

To define a strain measure for subsection R, which is independent of the VE dimen-
sions, an atomic strain measure needs to be defined. Following the approach of Falk
and Langer [76], the strain associated with atom n is defined as

ey =Y XYk =6, (2.11)
k
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with
n m,re n,re m,de n,de
Xp = (el — ey (el — ppdedy (2.12)
and
Y = S0 ey (s el (2.13)

In the above equations, the variable r?’mf denotes the i-th component of the position
of atom n in the reference configuration. Similarly, the index def refers to the
deformed configuration. The atom positions are assumed to be time averaged for
both configurations, so that all atomic movements related to thermal vibrations are
averaged out. The index m in Eq. (2.12) and Eq. (2.13) loops over all neighbor
atoms of atom n within a certain interaction radius rinter, which has to be chosen
according to the investigated problem (e.g. the investigated material). The choice
of 7inter for the present problem is shown in section 4.4.6. The strains of subsection
R are therewith defined as

1 n _n
(ei)r = 3R > v (2.14)

With known stress and strain, the elastic constants of region R can be obtained by
solving Hooke’s law (compare Eq. 2.9)

(o) r = Cliua(ess) r- (2.15)

Both the atomic strain method and the presented stress formulation provide the
full strain and stress tensors. Thus, this framework is generally applicable to an
anisotropic material behavior. For simplicity, in this thesis, an isotropic material is
assumed, which reduces Cﬁkl to two unknowns, which are the Young’s modulus E?
and the shear modulus G¥. It should be noted that the approach is generally not
limited to the calculation of elastic properties. Full stress-strain curves including the
inelastic behavior can be sampled by using more than one deformed configuration.
This idea is shown for the case of pure epoxy in section 4.4.6.

2.2.2 Homogenization on the Microscale
Representative Volume Element and Unit Cell

Per definition, the term RVE describes an excerpt of the material, that contains all
relevant components of the real material in a statistically representative distribution.
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This can be expressed by the previously introduced Eq. 2.1, which states that
the RVE size a should be considerably larger than the characteristic length [ of
all structural features. On the microscale, [ can be interpreted as the particle or
agglomerate diameter. However, in practical application, it is often unclear how to
fulfill this criterion. Thus, parametric studies with increasing VE size are performed,
until the target property converges, as exemplarily shown in Fig. 2.7 (a). Due to
the random nature of the VEs, for each size, a statistically representative number
of realizations is simulated, until the standard deviations of the target property
converge, as shown in Fig. 2.7 (b).
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Figure 2.7: Illustration of the procedure for determining the microscale RVE size: (a)
parametric studies with increasing VE size to ensure representativeness
of the VE and (b) convergence study of the standard deviation of the
target property for each VE size to account for the random nature of
the VEs.

In this thesis, the above idea is applied to the homogeneous and the agglomerate
RVEs. As discussed earlier, for the simulation of the agglomerate RVEs, the results
of intermediate agglomerate UCs are necessary. These agglomerate UCs are simu-
lated with a varying number of primary particles between 3 and 300. For each case,
the number of random samples is increased, until the standard deviation converges.
To understand this approach, three facts should be noted. Firstly, as a special case
of the RVE, a UC features only one subcomponent (one agglomerate in the scope
of this thesis) and thus represents a periodic heterogeneous microstructure. This is
not the case for the present NC, which is why in a subsequent step the higher scale
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agglomerate RVEs are considered. Secondly, the definition of the UC presented here
is slightly different from the one the reader might be familiar with. Typical fiber or
particle UCs do not contain any effects related to a random conformation, meaning
that a repetition of the simulation of the UC will predict the same properties as the
previous realization. If the subcomponent becomes an agglomerate, however, this
does not hold anymore. The agglomerates themselves consist of multiple primary
particles and thus have a random inner structure. The UCs are not unique anymore,
which leads to the requirement of statistical investigations on the UC. Thirdly, the
statistical investigations on the UCs should no be confused with the convergence
study of the RVEs. Each UC represents one specific agglomerate size from the ag-
glomerate size distribution. An increase in the number of primary particles and
hence the UC size does not lead to more representative results.

Boundary Conditions

The main goal of a homogenization from microscale to macroscale is the transfer
of the microscopic discontinuous stress and strain fields to the macroscopic stresses
and strains. Thereby, the Hill condition [100]

(o:€)=(o): (€ (2.16)

must be fulfilled, which states that the energy stored in the discontinuous micro
fields o and € must be equal to the energy stored in the macroscopic stresses (o)
and strains (€). The simplest assumptions, that fulfill this condition, are the average
strain theorem proposed by Voigt [101] and the average stress theorem proposed
by Reuss [102]. In a practical application, these approximations can be realized
through DBCs and traction BCs, as shown in Figure 2.8. The DBCs prescribe
a uniform displacement to each boundary, whereas the traction BCs do the same
for the traction. It is comprehensible, that DBCs prevent any deformation of the
boundaries and thus add artificial stiffness to the RVE. In contrast, traction BCs lack
the support of the surrounding material and thus typically lead to an unrealistically
soft behavior. Hence, the Voigt and Reuss approximations are known to provide
upper and lower bounds to the elastic parameters.

Another approach, which is known to result in a more realistic prediction of the ma-
terial constants, is the use of PBC, which can be regarded as a mixture of the Voigt
and Reuss approximations. The fundamental idea is to enforce periodic displace-
ments and anti-periodic traction on each pair of opposing boundaries. In a practical
application, this is achieved by coupling the degrees of freedom of the nodes lying
on the opposite boundaries, as shown in Figure 2.9.
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Figure 2.8: 2D schematic illustration of a tensile load in x-direction with (a) DBCs
and (b) traction BCs.
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Figure 2.9: 2D schematic illustration of a tensile load in x-direction with PBCs.

The choice of the BCs is targeted in section 6.2.2. Since PBCs require a more
complex modeling, it is investigated if PBCs are necessary or if DBCs are sufficient
for the present problem.

Calculation of the Effective Elastic Properties

To calculate the effective elastic properties, firstly the stresses and strains have to
be homogenized. This is achieved by a volume averaging according to

1
(v = m/vdV. (2.17)



2.2 Homogenization Procedure 33

Here, - is replaced by the stress and strain tensors o and € and V is the deformed
volume of the microscale model. The homogenized stresses and strains are then
used to calculate the stiffness matrix by solving Hooke’s law from Eq. 2.9. In the
scope of this thesis, this procedure is applied to the RVEs containing homogeneously
distributed primary particles and to the agglomerate RVEs. As stated before, the
intermediate level agglomerate UCs can be regarded as a mixture between FEM
and DEM. The usage of spring elements for the description of the interparticulate
interactions inside of the agglomerates makes an evaluation of Eq. 2.17 impossible.
However, the stresses can alternatively be calculated from the reaction forces acting
on the boundary of the UC divided by the cross-section. Assuming a uniaxial and
uniform strain, the stresses can be written as

- _u 2.18
hjjhik 218)

(oij)v

where Fj; is the j-th component of the reaction force on the boundary with the
normal direction %, see Figure 2.10. The matrix h was previously defined in Eq. 2.7
as the matrix of the RVE box vectors.
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Figure 2.10: 2D schematic illustration of the reaction force vectors on the VE bound-

aries.

Alternatively to Eq. 2.17, the homogenized strains can be calculated from the
relation N
(ei)v = 72, (2.19)
hii
where u;; is the j-th component of the displacement on the boundary with the nor-
mal direction i. The equivalence of both approaches is shown for the homogeneous
RVEs in section 6.2.2.
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The state of the art presented in section 1.3.2 shows that studies of the mechanical
behavior of boehmite can rarely be found in the literature. This is mainly because
boehmite crystals are not stable in a sufficient size to perform classical mechanical
tests. In collaboration with the BAM, a comprehensive investigation of the material
behavior of boehmite was conducted, as published in [33]. This article provides the
basis for large parts of this chapter.

Due to the chronological development of this thesis, the work presented in this
chapter was performed in a molecular static way using the molecular dynamic finite
element method (MDFEM) [92], while some of the newer results presented in the
following chapters were obtained with a full-featured MD approach using LAMMPS
[103]. The MDFEM, in the way it is used, can be understood as an implementation
of the MD into the finite element framework. This means that fundamental formu-
lations, like the MD force fields, are implemented, but no thermostats and barostats
are used. Thus, the simulations are carried out with a micro-canonical ensemble
(NVE), in which the number of atoms, the volume and the total energy are con-
trolled. However, a proper initialization of the temperature was not performed, so
that these simulations are run at a low temperature in the range of 0 to 50 K. From
experiments, it is known that crystalline materials show a minor dependence of the
elastic properties on the temperature, especially at temperatures below the room
temperature. This was shown by Wachtman et al. [104] and Spriggs et al. [105]. The
reason for this is the ordered lattice structure of crystalline materials, which is, in
contrast to other materials, such as polymers, not significantly altered by temper-
ature. Hence, despite of the comprised inaccuracies, the applied approach can still
provide realistic results. Another general disadvantage of the used implementation
of the MDFEM is that no PBCs are available. Instead, a mixture of free boundaries
and rigid BCs was used, as explained in detail later. The advantage of PBCs, which
are the standard BCs in MD simulations, is that they mimic a realistic embedding
of the sample as an excerpt of an infinitely large material. Since boundary effects
decrease with increasing sample size, PBCs can help to reduce the required model
size or result in a more realistic approximation of the desired property for a given
model size. However, for the AFM simulations, which are discussed in the following,
the benefit of PBCs is rather small. This is on the one hand because it is unfeasi-
ble to apply PBCs in the loading direction on the top surface, where the sample is
indented by the AFM tip. On the other hand, the required sample size is largely

35



36 3 Atomistic Scale: Boehmite

defined by the probe volume and hence by the AFM tip diameter. PBCs applied
perpendicular to the loading direction can certainly reduce the sample sizes or allow
for bigger AFM tips, but the benefit is judged to be rather small. To avoid an
influence of the boundaries on the measured Young’s modulus, parametric studies
concerning the sample size are performed in the following. In summary, the results
presented in this section should give a reasonable prediction of the material behav-
ior of boehmite. Still, from the authors’ today’s point of view, it is recommendable
to verify the following explications with a full-featured MD approach to exclude
possible effects related to the above discussion.

3.1 Summary of the Experimental Characterization of Boehmite

The experimental results presented in this section are not the scientific product of
the author. All credit goes to the esteemed colleagues of the BAM. Here, only the
main results are discussed, while details, e.g. about the experimental setup or the
sample preparation are omitted. Further details can be found in [33].

The starting point for the comprehensive experimental and numerical studies of
boehmite was the experimental investigation of commercially available BNPs [36]
embedded in a polymer matrix (Epoxy Araldite LY 3585 [106]). The samples were
measured with amplitude-dependent force spectroscopy (ADFS), which cannot yet
be used for the direct calculation of the Young’s modulus. However, by identifying
the curves that can be ascribed to the boehmite particles and comparing the results
to materials with known elastic constants (epoxy with E ~ 3.5 GPa and glass
with F ~ 70 GPa), the Young’s modulus of boehmite was determined to fulfill the
condition

3.5 GPa < Evoehmite < 70 G Pa. (31)

This value is suspiciously lower than expected from the literature (compare section
1.3.2) and preliminary numerical tensile tests, which were conducted for testing
purposes.

To investigate the cause of the unexpected behavior, three possible explanations were
identified and discussed, which are effects related to the crystal size, the slippage of
the weakly linked boehmite layers and the presence of amorphous boehmite domains.
To be able to distinguish these effects, besides the aforementioned BNP /epoxy sam-
ples, two additional samples were investigated experimentally. These complemen-
tary samples had a different morphology and featured substantial differences in
crystallinity and sample size. Thus, they provide evidence of the impact of each
of the possible explanations on the stiffness of boehmite. The first complementary
sample was a boehmite crystal of a size of approximately 80pm from a geologi-
cal sample, which was prepared on a glass substrate. As a second complementary
sample, boehmite was synthesized with a very low crystallinity to investigate the
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possible explanation of the presence of amorphous boehmite. All samples were ana-
lyzed through X-ray diffraction and Raman spectroscopy and shown to be boehmite.
Furthermore, it was proven that the second complementary sample indeed had a low
crystallinity. The three samples were mechanically investigated with three different
AFM modes: tapping mode (which provides the topography), FDC and ImAFM
with the resulting ADFS curves. For more details about these methods, the reader
is referred to [33]. The FDC measurements of the geological sample resulted in a
Young’s modulus of 11 GPa, which is in the same range as the stiffness determined
on the BNP /epoxy sample using ADFS. Furthermore, no distinct permanent defor-
mation was found and a Hertz fit was possible, which typically indicates a purely
elastic behavior. The last sample, which featured a low crystallinity, was signifi-
cantly softer and showed a much more distinct inelasticity than the two previous
samples.

The cause of the unexpectedly low stiffness, which was initially observed for the
BNP /epoxy sample, cannot conclusively be explained from the experimental mea-
surements. The sample with the low crystallinity showed an even lower Young’s
modulus than the other two samples that the presence of amorphous boehmite do-
mains was ruled out as the cause for the low Young’s modulus. A possible conclusion
is the combination of the remaining two hypotheses. Following the argumentation
in [33], the soft behavior could mainly be caused by the slippage of boehmite lay-
ers. For the small boehmite particles embedded in the epoxy matrix, this slippage
can happen without any disturbance, resulting in the low Young’s modulus and the
inelastic behavior. It can furthermore be hypothesized that the geological sample
shows the same effect but can restore the original structure due to the larger extent
of the boehmite sheets and the far-field lattice structure. In other words, if only
a small part of a large crystal is distorted, e.g. by a local buckling of boehmite
sheets, the deformations can be restored to the original ordered structure by the
surrounding material. This may result in a soft behavior and appear as a purely
elastic, reversible deformation.

3.2 Numerical Characterization of Boehmite using AFM
Simulations

The argumentation based only on the experiments is vague. In the following, AFM
is simulated to substantiate or refute the findings and to provide further insight into
the effects that lead to the unexpected material behavior. The testing conditions
in the AFM experiments considerably differ from classical mechanical tests, such as
tensile tests. Besides applying a compression load, a nonuniform stress distribution
caused by the hemispherical shape of the AFM tip is introduced. Thus, numerical
tensile tests (or compression tests) are not explicated here. Instead, a new simulation
approach that mimics the testing conditions of the experiments is introduced. In
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this section, the idea of these AFM simulations, the generation of the simulation
models (see Fig. 3.1) and the respective simulation results are presented.
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Figure 3.1: Exemplary boehmite AFM model.

3.2.1 Model Generation and Simulation Aspects

All molecular models used in this thesis are generated with an in-house software that
integrates the open-source packages OpenBabel [107] and Packmol [108]. The credit
for the implementation of the so-called “MolWizard” goes to my former colleague,
Andreas Kempe. The realization and calibration of the specific materials investi-
gated here as well as the generation of the AFM simulation models was realized by
the author.

Based on XRD measurements carried out at the Institute for Particle Technology of
the TU Braunschweig [109] and the article of Bokhimi et al. [28], the chemical unit
cell of boehmite (Rhombic dipyramidal base-centered crystalline unit cell (cmcm),
a = 2.87 A, b = 12.23 A and ¢ = 3.69 A) was constructed, as shown in Fig. 3.2
(a). Therewith, a larger boehmite structure is generated by duplicating the chemical
unit cell to the desired extent, as shown in Fig. 3.2 (b). In order to validate the used
boehmite structure, XRD simulations of the equilibrated crystalline structure were
performed with the Mercury software [110] and compared to the XRD experiments
from [109]. The result is shown in Fig. 3.3. The data contains two important
characteristics, which are the intensity and the position (i.e. the reflex angle) of the
detected peaks. The intensity strongly depends on the size and the shape of the
investigated sample. For instance, the half width of the characteristic peaks can be
used to calculate the size of the primary particles. Due to numerical restrictions,
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Figure 3.2: Chemical structures of (a) the unit cell of boehmite after [28] and (b) the
boehmite model used in the XRD simulations consisting of 10 x 4 x 10

unit cells.
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Figure 3.3: Comparison of the experimentally measured XRD pattern of boehmite
from [109] and the simulated one.

the real primary particle size is too large to be processed in such a simulation.
Instead, the model consists of 400 unit cells arranged in a rectangular prism and
does not have the same size and shape as the real particles. Hence, the intensity
cannot be compared and the position of the peaks is focused here. Fig. 3.3 shows
that the reflex angles from the experiment and the simulation agree outstandingly,
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which leads to the conclusion that the models sufficiently represent the crystalline
structure of boehmite.

Fig. 3.4 shows a schematic illustration of the AFM models. The boehmite sample
is generated similarly to the models used for the XRD simulations, as described
above. Later in this section, primary particles embedded in the epoxy matrix are
simulated. The shape of the primary particles is chosen based on information from
the manufacturer [111] and experimentally confirmed by the Institute for Particle
Technology from the TU Braunschweig [109]. Due to the numerical effort of the
MDFEM, the primary particle size is reduced from 14 nm to 5 nm. To obtain the
particle shape, the desired geometry is cut out after the duplication of the unit cell.
The same procedure is applied to the AFM tip, which consists of silicone (Fd3m
unit cell, unit cell size a = 3.5668 A) An oxide coating, as it can be found in
reality, is neglected here, since the resulting charges mainly influence the attraction
and adhesion forces, but have a minor effect on the indentation itself. In case of
the BNPs embedded in epoxy, the polymer only acts as an auxiliary material, that
provides “natural” BCs for the particles and helps keeping the particles in place. The
material behavior of the epoxy is not of interest in this chapter. Thus, the generation
of the epoxy polymer is not explicated here but discussed in section 4.3.
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Figure 3.4: Schematic illustration of the AFM models.

All simulations presented in this section are performed using the MDFEM in com-
bination with the Dreiding force field [112]. Even though it is possible to apply
different cutoff radii for the nonbonding interactions within the sample and between
sample and tip, a spherical cutoff of 15 A has proven to be suitable for both cases
by preliminary parametric studies. The AFM tip is modeled as an ideal hemisphere
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and is considered to be rigid, meaning that all bonding and nonbonding interactions
within the tip are eliminated by removing the associated elements and introducing
a rigid coupling to a reference point. Preliminary simulations have shown, that this
simplification has a negligible influence on the resulting elastic modulus given that
the Hertz equation is modified accordingly. Usually, the Young’s modulus of the
sample is obtained by fitting the Hertz equation

to the simulated force-displacement data. In the above equation, D is the sample
deformation, F'is the indentation force, R denotes the AFM tip radius and Ey. is
the reduced Young’s modulus according to

1 3(1—vd, 1-02
Em_i< Fw B ) (3.3)

Thereby, v and E are the Poisson’s ratio and the Young’'s modulus of the sample
and vy, and Eyp are the Poisson’s ratio and the Young’s modulus of the AFM
tip. If the AFM tip is rigid, Ei; becomes infinite and the first term in Eq. (3.3)
approaches zero, reducing the Hertz equation to

po (MUY o)

As a first step in the simulations, the equilibrium state of the system is obtained
by relaxing the whole model including the AFM tip for a period of 50 to 100 ps,
depending on the model size. The equilibrium position of the tip (in the sense
of the AFM tip lying on the sample surface without any cantilever forces) adjusts
itself automatically. Subsequently, the load is applied in terms of an AFM tip
displacement of 0.5 to 1.5 nm, depending on the sample and tip size. To minimize
the influence of strain rate effects, in preliminary simulations the loading time was
increased until a convergence of the resulting Young’s moduli was observed. A
simulation time of 300 ps for the maximum displacement of 1.5 nm has proven to be
suitable. The boundary conditions for both the equilibration and the loading are a
mixture of rigid BCs and vacuum boundary conditions. The positions of all atoms
in a border region of 0.2 nm are fixed, except for the top surface, where the AFM
tip indents the material (see Fig. 3.4). To avoid an overestimation of the stiffness of
the rigid boundaries, all angles and dihedrals, that contain at least two atoms in the
boundary region, are removed from the model. The vacuum boundary conditions
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on the top surface can be understood as free boundaries, at which no constraints
are applied.

3.2.2 Results of Preliminary Simulations

As mentioned earlier, the numerical effort of MDFEM simulations (and MD sim-
ulations in general) prevents the simulation of real particle or AFM tip sizes in
parametric studies. Thus, it is necessary to reduce the model size compared to the
real material. The aim of the preliminary simulations discussed in this subsection is
to analyze the influence of the AFM tip radius and the sample size on the calculated
elastic modulus.

For all simulations presented here, the indentation direction is perpendicular to
the boehmite layers (i.e. the [0,1,0]-direction). Firstly, the influence of the AFM tip
radius on the elastic modulus of the boehmite is examined. Therefore, the tip radius
is gradually increased from 1 nm to 5 nm in steps of 1 nm. The sample size, which is
addressed afterward, is chosen to be four times the tip radius. It is shown to be large
enough to not impose any boundary effects on the measured modulus later. The
simulation results are shown in Fig. 3.5. With increasing tip radius, the resulting
moduli converge against a Young’s modulus of 136 GPa. Small tip radii lead to
an underestimation of the moduli, but already for the 2 nm tip the deviation from
the converged modulus is smaller than 4%. As a compromise between accuracy
and efficiency, from here on the tip radius is chosen to be 2 nm for all following
simulations. It is furthermore apparent, that the calculated values fall in between
the values found in the literature and the experimental results presented above. The
observed difference to the result of the quantum mechanics simulations reported by
Tunega et al. [30] is quite small. However, to properly relate the simulation results to
the literature values, the other spatial directions should be considered, as explained
in section 3.2.3. The difference to the values from AFM experiments [33], in contrast,
is large. The possible causes are investigated and explained later.

The influence of the sample size on the Young’s modulus is addressed with a similar
approach. Starting from a size of 8 x 4.8 x 8 nm?, the sample size is gradually
reduced to a size of 5 x 3 x 5 nm?®, keeping the aspect ratio constant. The tip size
is fixed with 2 nm. Fig. 3.6 shows the resulting force-displacement curves. To avoid
any confusions, it should be noted that for consistency reasons the deformation is
plotted on the y-axis and the indentation force on the x-axis, as it is typically done
AFM tests. The straight dashed lines indicate the onset of a deviation between the
shown Hertz curve and the respective simulated curve, which is caused by boundary
effects. At a certain indentation depth, the probe volume becomes influenced by the
boundary conditions, indicating that the sample size is chosen too small. To avoid
this, either the sample size has to be increased or the range in which the Hertz fit
is calculated has to be truncated (here, the latter was already performed).
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I Simulation results
777 Quantum mechanics simulations from Tunega et al. [30]
[ AFM experiments from Fankhénel et al. [33]
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Figure 3.5: Influence of the AFM tip radius on the calculated Young’s modulus of the
perfect boehmite crystal. For comparison, results of quantum mechanics
simulations from [30] and AFM experiments from [33] are shown.
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Figure 3.6: Influence of the sample size on the calculated FDC curves of the perfect
boehmite crystal. Only data points left of the vertical dashed lines are
considered in the fit.



44 3 Atomistic Scale: Boehmite

As expected, Fig. 3.6 shows that the point at which the simulated curves start to
deviate from the Hertz curve is shifted to lower deformations with decreasing sample
size. Thereby, reducing the sample size from 8 to 6.5 nm and from 6.5 to 5 nm leads
to an almost equal deformation shift of about 1.5 A. To ensure reasonable results,
a sufficiently large interval for the Hertz fit is required. Here, no real criterion for
choosing the sample size is established but, as a conservative choice, the largest
sample of 8 x 4.8 x 8 nm? is used in the following.

3.2.3 Simulation Results

From the previous section, it can be concluded, that the Young’s modulus of boehmite
converges to a value of approximately 136 GPa and is calculated with a value of
127 GPa for a tip size of 2 nm, which is the reference model for all further investiga-
tions. Up to now, all simulations are performed in the [010]-direction perpendicular
to the boehmite layers. This corresponds to the y-direction in Fig. 3.2. To account
for the anisotropy of the boehmite crystal, additional simulations were performed in
the [100]-direction (x-direction) and the [001]-direction (z-direction). These simula-
tions result in Young’s moduli of 232 GPa and 267 GPa, respectively. The in-plane
moduli (x- and z-direction) are much higher than the out-of-plane modulus, while
the modulus in the z-direction is slightly higher than in x-direction. The in-plane
behavior is dominated by the crystalline lattice structure and hence by the chemical
bonds between the atoms forming the layers. The out-of-plane behavior, in contrast,
depends on the inter-layer nonbonding interactions, i.e. the hydrogen bonds con-
necting the boehmite sheets. Thus, the large difference between the in-plane and the
out-of-plane behavior is expected. The comparison of the average Young’s modulus
of 212 GPa with the literature in the range of 138 - 156 GPa shows a reasonable
agreement. It should be kept in mind, that quantum mechanics simulations use a
very small excerpt (e.g. one unit cell) for the calculation of the mechanical prop-
erties. Furthermore, the estimation of an isotropic Young’s modulus from the bulk
modulus reported by Tunega et al. [30] and the averaging of the Young’s modulus in
the three spatial directions from the AFM simulations can lead to inaccuracies. Last
but not least, the Morse potential, which was used for the nonbonding interactions,
is not entirely symmetric, even for small deformations. The part, which describes
the tensile behavior, is characterized by slightly lower forces than the compression
part. Hence, the tensile modulus in the y-direction can be expected to be lower
than the one under compression load.

So far, the Young’s moduli obtained from the AFM simulations still exhibit large
deviations from the experimental values presented in section 3.1, which amounted
to approximately 11 GPa measured on the geological sample. To understand these
results and to identify possible causes of the large differences, firstly, the influence
of several imperfections is investigated. Since the [010]-direction resulted in the
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softest behavior so far, the following simulations are only performed perpendicular
to the boehmite layers. The first investigated imperfection is the intercalation of
water molecules between the boehmite layers, as reported by Bokhimi et al. [28].
Therefore, 10% of the aluminum atoms on the inter-layer surfaces of the boehmite
sample are assumed to be occupied by water molecules. The water molecules are
connected through hydrogen bonds and replace the hydroxyl groups, which are
normally bonded to the surface aluminum atoms. The intercalation of water leads to
a slightly increased inter-layer spacing and thus to weaker nonbonding interactions
between the layers. However, the reduction of the resulting Young’s modulus is
around 16%, leading to a value of approximately 113 GPa. Thus, the intercalation
of water can clearly not explain the low stiffnesses measured in the experiments.
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Figure 3.7: Influence of alumina/hydroxyl group defects on the calculated Young’s
modulus of boehmite.

As a second imperfection of the crystalline structure of boehmite, aluminum and hy-
droxyl group defects are examined. Therefore, random aluminum atoms or hydroxyl
groups are deleted from the models. The amount of defects is varied from 0% to 20%
in steps of 5%. For each case, three randomly generated models are simulated and
the results are averaged. The results are shown in Fig. 3.7. Hydroxyl group defects
lead to a rather small reduction of of the Young’s modulus by a maximum of 18%
for 20% deleted OH-groups. The softer behavior results mainly from the weaker
interaction between the boehmite layers and from a reduced bending stiffness of the
boehmite layers caused by the missing hydroxy bridges. In case of aluminum defects,
the reduction is much more distinct. If 20% of the aluminum atoms are deleted,
the Young’s modulus amounts to 72 GPa, which is a reduction of 47%. The soft
behavior is caused by voids in the octahedral crystalline structure, which result in
a very disordered material, that reminds more of an amorphous, than a crystalline
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structure. Both imperfection types still result in much higher Young’s moduli than
the experiments. In addition, significant amounts of defects, like the assumed 20%,
are typically not observed in boehmite crystals in the literature. Hence, defects seem
to be an unlikely explanation for the low stiffness measured in the experiments.

So far, the drastically lower Young’s moduli from the experiments still cannot be
explained. In section 3.1, the AFM measurements of the BNP /epoxy samples have
been interpreted to feature major inelastic phenomena. These can include, in par-
ticular, a slippage of the crystal layers, but also cracking of layers and tilting of
substructures. To further investigate the inelasticity from a numerical perspective,
AFM simulations on boehmite particles embedded in an epoxy matrix are conducted.
It should be noted that these simulations aim at improving the understanding of
the effects leading to the soft experimental behavior rather than determining the
elastic constants of boehmite. To do so, the particles are modeled with the real
particle shape and a reduced primary particle size of 5 nm. To account for effects
like layer slippage and tilting of the particle, different particle orientations are mod-
eled, as shown in Fig. 3.9(a) - 3.9(c). Three different cases are considered. Firstly,
the load is applied in [010]-direction perpendicular to the boehmite layers with a
plane to plane support. This sample is used as a plausibility check and the resulting
Young’s modulus is expected to be equal to the one previously reported for the per-
fect boehmite structure. Secondly, the layers of the BNP are orientated diagonally,
still with a plane to plane support of the particle at the bottom of the sample. In
this case, the AFM tip can introduce a shear load to the particle and thus induce
slippage of the layers. Thirdly, the layers are inclined as well, but the support is
reduced to an edge to plane support, enabling an additional tilting of the parti-
cle. The matrix material embedding the BNP is intended to provide more natural
boundary conditions to the particle and in this way enable inelastic deformations
in the first place. The size of the sample perpendicular to the loading direction is
chosen to be 15 nm based on preliminary simulations of the pure epoxy polymer (see
section 5.1.3). The size in the loading direction depends on the particle orientation
and is assigned in such a way, that the bottom boundary region is located directly
below the BNP. This corresponds to a rigid surface supporting the particle, which
can be regarded as an idealization of the sample holder from the experiment. It
also ensures, that no polymer is located underneath the particle, which would lead
to the measurement of a mixed modulus. For stability and performance reasons,
the chemical bonds are modeled using harmonic potentials, which cannot reproduce
the failure of bonds and hence a possible cracking of boehmite layers. However, due
to the small extent of the boehmite sheets and the weak interlayer interactions, a
cracking of layers is judged unlikely and this simplification should be acceptable.

The three cases have been exposed to a loading and a subsequent unloading, to
check if the response is of elastic or inelastic nature. Fig. 3.8 shows the correspond-
ing force-displacement curves and the respective Hertz curves. A huge difference
between the configuration with loading perpendicular to the layers (blue) and the
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------ Loading perpendicular to layers

Loading inclined layers, plane to plane support
------- Loading inclined layers, plane to edge support
- - - Unloading perpendicular to layers
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Figure 3.8: Loading-unloading curves and the corresponding Hertz fits of the inves-
tigated configurations from Fig. 3.9.

other two cases (orange and green) is apparent. The loading-unloading path for
loading in [010]-direction are nearly identical with no considerable permanent defor-
mation, indicating a purely elastic behavior with a resulting Young’s modulus of 136
GPa. This is in good agreement with the results of the perfect crystalline structure
from section 3.2.2. The other two cases show a drastic reduction of the slope of the
loading curves. Furthermore, a significant permanent deformation is observed, as
the unloading curves intersect with the y-axis at deformation values around 1 nm.
This clearly indicates an inelastic behavior. The main mechanism leading to the
reduced slope of the loading curves is a slippage of the crystal layers, that can be
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(d) Deformed configuration of inclined layers

with plane to plane support at peak load
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support at peak load

(g) Configuration after unloading of inclined layers with edge to plane support

Figure 3.9: Illustration of (a) - (c) the undeformed configuration of the investigated
particle orientations, (d) - (e) the deformed configurations corresponding
to the initially inclined layers with plane to plane support and (f) - (g)
the deformed configurations corresponding to the initially inclined layers
with edge to plane support.
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seen in the deformed structure in Fig. 3.9 (d). The sudden onset of layer slippage is
also expressed through the force jumps in the loading path in the force-displacement
curves in Fig. 3.8. The visible roughness results from the snap from one equilibrium
state of the inter-layer hydrogen bonds to the next one. Furthermore, even with the
plane to plane support, a tilting of the boehmite layers is induced by the crystal
layer slippage. The case with edge to plane support additionally allows for a tilting
of the whole particle (see Fig. 3.8 (f)), resulting in an even lower slope of the loading
curve.

To allow for a comparison with the experiments, the Young’s moduli are determined
by performing the Hertz fit on the unloading curves, as they are expected to reveal
the elastic behavior. The resulting Young’s moduli amount to 40 GPa for the plane
to plane support and 32.5 GPa for the edge to plane support. These values show
a significant reduction compared to the Young’s moduli obtained from the perfect
crystal structure and also a significant approach to the experimental values, leav-
ing layer slippage as a probable explanation for the low stiffness. However, the
deformed structure after unloading in Fig. 3.9 (e) reveals that the layer slippage is
partly reversed during the unloading. This is caused by the restoring forces of the
compressed matrix and by the adhesion between AFM tip and particle. Similar to
the loading curve, the unloading path exhibits small jumps, which correspond to the
reversed layer slippage. Hence, strictly speaking, performing the Hertz fit on the
unloading curves is not permitted, as they are not purely elastic. Since here the goal
is to explain the experimental behavior rather than predicting the elastic properties
of boehmite, this fact is ignored. The simulated Young’s moduli presented above
are still around three times as stiff as the experiments conducted on the geological
sample. These differences can be attributed to size effects in both the experiments
and simulations and to limitations of the chosen simulation approach (e.g. concern-
ing the chosen force field potentials). A detailed comparison of the experiments and
simulations is presented in section 3.4.

3.3 Determination of the Interparticulate Force-Displacement
Curves

In this section, the determination of the interparticulate interactions is discussed,
which are the missing part for the simulation of the unfilled agglomerate unit cells
in chapter 6. The basic idea is to simulate tensile, compression and shear tests of
two randomly oriented particles. Thereby, the center of mass of one particle is fixed
and the other one is displaced accordingly. A schematic illustration is shown in
Fig. 3.10. It can be assumed that the resulting force-displacement curves strongly
depend on the orientation of the two particles. To account for this, a statistically
representative number of random cases is simulated. The resulting average force-
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displacement curves can then be used in spring-like elements in the FE analysis on
the microscale.

The so calibrated springs contain not only the interparticulate forces caused by the
nonbonding interactions but also the deformation of the particles itself. It has previ-
ously been shown that the mechanical behavior of the primary particles is complex
and strongly depends on the loading direction. This is on the one hand because the
crystalline structure of boehmite and thus its mechanical behavior are orthotropic.
On the other hand, it was found that the layered structure of boehmite adds ad-
ditional inelastic deformation mechanisms. For example, under a compression load
diagonal to the boehmite layers, layer slippage becomes the main deformation mech-
anism. A spring element, that represents such a material, demands for a direction-
dependent behavior, or, more precisely, a spring behavior that takes into account
the orientation of the particles it connects. However, here, another approach is pur-
sued. As stated earlier, a statistically representative number of random orientations
is simulated and the resulting force-displacement curves are averaged. The assump-
tion, which will be used from here on and whose validity will be checked later, is
that real agglomerates contain a large enough number of primary particles to allow
for using the statistical mean of the force-displacement curves. In other words, the
orientation of the primary particles in the microscale agglomerates will be neglected
and all primary particles will interact with the mean force-displacement curve.

3.3.1 Model Generation and Simulation Aspects

The modeling and simulation procedure discussed in this section is based on the
MDFEM [92], which is, again, due to the chronological development of the work
presented in this thesis. It was previously discussed that the usage of an NVE
ensemble with a temperature close to 0 K should still lead to a reasonable prediction
of the elastic behavior of the crystalline material. Additionally, the disadvantage of
the MDFEM of not offering PBCs in its current implementation is negligible here,
since the determination of the interparticulate force-displacement curves does not
rely on these BCs.

The generation of the boehmite particles is similar to the model generation from
section 3.2.1. After the particles are created, the boehmite layers are made rigid by
deleting all bonds, angles, dihedrals and nonbonding interactions within the layers
and coupling the atoms to one reference point for each layer using a kinematic
coupling. All physical interactions between the layers are retained in the model.
This simplification should be valid, since, due to the high in-plane modulus, the
deformation of the boehmite layers itself is negligible compared to the deformation
between the layers, e.g. due to layer slippage. A reduced primary particle size of
3 nm is used from here on throughout the remaining thesis. Since these particles
have an even number of boehmite layers, the boundary conditions are applied to the
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Tension/

compression

Figure 3.10: Illustration of (a) the principle idea of the determination of the inter-
particulate interactions for a model with relatively large equilibrium
distance deq (schematic and 2D), (b) a 2D schematic model with the
minimum deq and (¢) an exemplary 3D model for the determination of
the interparticulate interactions.
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middle layer, which is closer to the center of mass of both particles. The first particle
is added to the model with a random orientation. It is fixed in all translational and
rotational degrees of freedom. Again, with a random orientation but with the same
shape as the first one, the second particle is placed in such a way that both particles
are close to their equilibrium distance. Its translational and rotational degrees of
freedom are fixed as well, except for the loading direction.

All simulations are performed using the MDFEM in combination with the Dreiding
force field [112]. The nonbonding interactions are modeled with the Morse poten-
tial with a cutoff of 15 A, which is large enough to obtain the complete tension-
compression and shear curves. After the model generation, the models are equili-
brated for a period of 50 ps to find the equilibrium distance of the two particles.
Subsequently, the load is applied with a constant velocity and a maximum displace-
ment of 15 A in a period of 500 ps for all loading cases. Previous parametric studies
have shown that this loading velocity leads to converged results.

3.3.2 Simulation Results under Tensile and Compression Load

In this section, the results of the statistical simulations under tensile and compression
load are presented. Fig. 3.11 (a) shows the corresponding force-displacement curves,
which have been combined from the tension and compression simulations in the
post-processing. The gray curves illustrate the results for 100 randomly generated
samples and the blue curve is the mean force-displacement curve. These random
models only differ by the relative angle between the two particles and their resulting
equilibrium distance (compare Fig. 3.10 (a) and (b)). A significant scatter can be
observed for the gray curves, e.g. concerning the maximum tensile forces, which
range from close to 0 nN to around 18 nN. The cause for this scatter is the shape
and the random orientation of the BNPs. It is comprehensible that the case, in
which the particles touch corner to corner (compare Fig. 3.10 (a)), results in close
to zero maximum tensile forces, whereas a plane to plane contact (compare Fig.
3.10 (b)) leads to the highest peaks visible in Fig. 3.11 (a). Even though the
used approach generally includes the deformation of the primary particles, distinct
deformations are not observed, which is because of the small forces arising from the
interparticulate interactions.

As explained earlier, the mean force-displacement curve shown in blue in Fig. 3.11
(a) will be used in the FE analysis of the unfilled agglomerates. Hence, it is impor-
tant to analyze the statistics of the simulated force-displacement curves. Strictly
speaking, using the mean force-displacement curve is only valid for agglomerates con-
sisting of more primary particles than the number of random cases, that is needed
to obtain a converged solution from the statistical simulations presented above. To
investigate this, the average maximum tensile force is chosen as a characteristic vari-
able. Fig. 3.11 (b) shows its standard deviation in dependence on the number of
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Figure 3.11: Numerical results of (a) the force-displacement curve under tension and
compression load and (b) the influence of the number of samples on the
average maximum tensile force.

random realizations. A sufficient convergence is reached for around 30 realizations.
However, already for a small number of random samples, the error is reasonably
small. With at least three randomly orientated particles, the maximum deviation
from the converged average maximum tensile force is below 15%. In conclusion, the
simulation of the average agglomerate size of 105 nm [95], which contains approx-
imately 300 primary particles, using the mean force-displacement curve is feasible.
Keeping the error in mind, in chapter 6, also smaller agglomerates with at least
three particles are simulated.

3.3.3 Simulation Results under Shear Load

The resulting force-displacement curves of the statistical simulations under shear
load are presented in Fig. 3.12. Thereby, the gray curves in Fig. 3.12 (a) show the
result of the same 100 random realizations that were previously used and the blue
curve is again the mean force-displacement curve. Fig. 3.12 (b) shows only the mean
force-displacement curve with a different scaling of the y-axis scaling. It is noticeable
that the force-displacement curves show large fluctuations. These fluctuations can
be understood as a result of friction, precisely as oscillations resulting from the jumps
of atoms from one equilibrium position to another. This idea is illustrated in Fig.
3.13, in which the extreme case of two parallel particle surfaces is presented. In the
initial equilibrium position, the positions of the hydroxyl groups on the inner surface
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zoomed.

(a) complete and (b)

are offset and the layers are resting in an energy minimum. When a displacement
d is applied to the top layer, the energy increases until the hydroxyl groups on the
inner surface align. With further displacement the energy will reduce again, until
the system reaches another equilibrium position, which is equivalent to the original
one. This effect is responsible for the observed oscillations, though certainly more
complex in case of the models containing randomly orientated particles. In these
models, the probability of two parallel layers is small, but e.g. corner to plane
contact situations are more likely, which can lead to complicated and seemingly
random oscillations.

The fluctuations of the 100 random models are large with maximum amplitudes of
almost 400 nN. However, the resulting average force-displacement curve shown in
Fig. 3.12 (b) oscillates only with a maximum amplitude of around 5 nN. Moreover,
the average curve fluctuates around a zero force. Thus, for the FE simulations in
chapter 6, the force-displacement curves under shear load are neglected. In other
words, a friction-free behavior is assumed and the spring elements only contain an
axial behavior to represent the tensile and compression behavior.
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Figure 3.13: Schematic illustration of friction between two boehmite sheets.

3.3.4 Cumulative Distribution Function of the Equilibrium Distances

The inner structure or, in other words, the nearest-neighbor distribution of the real
agglomerates has not been investigated experimentally. In fact, due to the small size
of the primary particles, an experimental investigation, e.g. through transmission
electron microscopy, is challenging. To allow for a more realistic modeling in chapter
6, the algorithm for generating the agglomerates needs to be calibrated. Therefore,
the cumulative distribution function of the equilibrium distances

Deq(d) = P(deq < d) (3.5)

is used. In the above equation, d is the distance between two particles and d., are
the equilibrium distances of the 100 random models, known from the equilibrium
simulations (compare Fig. 3.10). The cumulative distribution function describes
the probability of the equilibrium distance to be smaller than a certain value. Fig.
3.14 shows the results for the 100 random models investigated before. Due to the
random orientation, the equilibrium distances show a quite large bandwidth with a
minimum of 29.3 A and a maximum of 42.4 A. The goal for the model generation
presented in chapter 6 is to reproduce the shown distribution as closely as possible.
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Figure 3.14: Cumulative distribution function of the equilibrium distances of the
100 random models.

3.4 Conclusions

The Young’s modulus of boehmite, that can rarely be found in the literature, was
suggested with values in the range of 120 to 160 GPa. MDFEM based AFM simula-
tions on bulk boehmite yielded anisotropic Young’s moduli of 232 GPa, 136 GPa and
267 GPa under load in [100]-, [010]- and [001]-direction, respectively. While these
values are of similar magnitude compared to the literature values, experimental in-
vestigations indicated a far lower stiffness, as FDC measurements on a geological
sample led to a Young’s modulus of approximately 11 GPa. BNP /epoxy samples
could only be measured by ADFS, which does not yet allow for an exact calculation
of the Young’s modulus. From the comparison to reference samples, the Young’s
modulus of the BNPs could be estimated to fall in between the stiffness of epoxy
(3.3 GPa) and glass (70 GPa). In the following, the simulation results presented
above are discussed in the context of the three hypotheses (sample size-related ef-
fects, inelastic layer slippage and the presence of amorphous boehmite) and united
with the experimental findings.

The experimental measurements on the hydrothermally formed boehmite, which is
known to feature a low crystallinity, resulted in a much lower stiffness than the other
two samples. This leads to the conclusion, that the experiments on the geological
sample and the BNP /epoxy sample are not critically affected by the presence of
amorphous boehmite. This interpretation is supported by the simulation results
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of imperfect crystalline structures, including aluminum atom and hydroxyl group
defects and intercalated water molecules. In particular, the latter is observed in
the real crystalline material. None of the considered defects could account for a
sufficiently large drop in stiffness, to explain the low experimental values. However,
it should not remain unmentioned that no real amorphous boehmite was simulated,
since there is no sufficient description of its structure available in the literature.
The numerical analysis of amorphous boehmite could lead to lower stiffnesses than
the values presented above. Nevertheless, taking into account the experimental and
numerical findings, the third hypothesis of a possible influence of the presence of
amorphous boehmite is judged to be unlikely.

The second hypothesis, a possible layer slippage, is corroborated by simulations em-
ulating the actual AFM test conditions of a particle embedded in epoxy resin. The
simulations result in substantially lower Young’s moduli compared to the perfect
crystal, with values between 32.5 GPa and 40 GPa. The results fall within the
range of 3.5 GPa to 70 GPa, provided by the experimental measurements on the
BNP /epoxy samples. Thus it seems likely, that the stiffness mismatch in the exper-
iments can be attributed to the slippage of crystalline layers under specific loading
conditions. Furthermore, the simulations have shown that an imperfect contact of
particle and sample holder further reduces the measured Young’s moduli. It is in-
deed possible, that in the experiments the BNPs are partly pillowed by polymer
instead of glass. Another similarity is that both the experiments and the simula-
tions show the presence of a permanent deformation and thus indicate an inelastic
behavior.

The measurements on the geological sample, in contrast, show no permanent defor-
mation and an even lower Young’s modulus. This substantiates the first hypothesis
of size-related effects. It seems possible that in a macroscopic crystal the layer
slippage is reversed by a conformation of the deformed areas to the far-field lat-
tice structure after unloading. In the experiments as well as the simulations of
the BNP /epoxy samples, the entire crystal is affected by the deformation and can,
therefore, be both permanent or restored. Driving forces for restoring the origi-
nal particle shape can e.g. be the adhesion between the AFM tip and the particle
or the compressed epoxy underneath the particle. Concluding, the hypothesis of
size-related effects is accepted as well.

Furthermore, the simulation models cannot be considered to be free of any size effects
either. The presented AFM models are a downscaled version of the experiments
on the BNP /epoxy samples and are substantially smaller than the experiments on
the geological sample. Although the box size was chosen based on a preliminary
study leading to converged results, it cannot be ruled out that for a significant
enlargement of the simulation box additional phenomena like layer buckling become
relevant. Other possible inaccuracies of the simulations may arise from the choice
of the interatomic force field and the rigid representation of the AFM tip. These
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effects can cause the remaining differences between the experiments on the geological
sample and the simulations of the BNP /epoxy samples.

Besides providing a general insight into the material behavior of boehmite, this
chapter aimed at calculating the elastic properties of boehmite as an input for the
microscale simulations. Therefore, the orthotropic values obtained for the perfect
boehmite crystal are used. This is justified as follows. The microscale simulations
are carried out at small deformations using a purely elastic material model. Effects,
like the detected layer slippage, are inelastic and hence require a much more complex
treatment, which is from the authors’ point of view not necessary. The layer slippage
was observed when a shear load was directly applied to the BNP by the AFM tip.
It can be assumed that in a NC sample under tensile or shear load in the elastic
regime, the slippage of the boehmite sheets plays a minor role. This is because
on the one hand, the load transfer to the BNPs is much weaker than in the AFM
simulations and on the other hand because of the much smaller deformations. This
assumption was verified in test simulations, in which NC UCs were strained up to
5% using the MDFEM. The comparison of the equilibrated and deformed state (see
Fig. 3.15) reveals no considerable shear deformation of the NP. It can be concluded,
that the inelastic effects of the BNPs do not considerably influence the elastic NC
behavior, but only take effect in case of a more direct load transfer, under larger
deformations or during failure.

Figure 3.15: Comparison of the (a) equilibrated and (b) deformed state (e = 5%) of
a NC UC cousisting of a 3 nm BNP embedded in the epoxy matrix.
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Furthermore, in this chapter, the characterization of the interparticulate interactions
was presented. The force-displacement curves under tension, compression and shear
load were analyzed and the statistics of these curves were discussed. It was shown
that the force-displacement curves under tension and compression load converge for
approximately 30 primary particles and that the error for agglomerates with less
primary particles can be expected to be below 15%. The average force-displacement
curve under shear load fluctuates around a zero force. Thus, for the FE simulations,
the shear component is neglected and only an axial force-displacement behavior is
modeled.

The results presented in this chapter were calculated with primary particle sizes
between 3 and 5 nm. To enable an even more realistic modeling, in extension of the
work presented here a coarse-graining of the BNPs could be established, which
should allow for the simulation of the real primary particle size. Furthermore,
the cumulative distribution function of the equilibrium distances of the primary
particles used in this thesis is a provisional approach. To improve the modeling
of the agglomerates presented in chapter 6, an experimental investigation of the
nearest neighbor distribution should be established in future research.
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Polymers have been extensively studied in the literature, both from an experimental
and numerical point of view. As stated in the introduction, the state of the art
provides a solid foundation, but also some unanswered questions concerning the
simulation of polymers using MD approaches. In this chapter, some of these issues
are investigated through parametric studies and the authors’ interpretation is given.
To ultimately answer these questions is, however, not the purpose of this chapter,
since it is a huge task that could fill a separate dissertation. The main focus here is to
introduce modeling and simulation aspects of the epoxy polymer used throughout
this thesis. These are the base for further studies, e.g. on the boehmite/epoxy
interphase, as discussed in the following chapter. Of cause, also the elastic properties
of epoxy are calculated as an input for the respective continuum material model for
the microscale simulations in chapter 6. This is achieved by subjecting cubic epoxy
simulation boxes (see Fig. 4.1) to a tensile load.

Figure 4.1: Exemplary epoxy simulation box.

61
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4.1 Anhydride Cured Epoxy

The epoxy system used throughout this thesis is a bisphenol-A-diglycidylether with
a degree of polymerization of 0.15 and a maximum chain length of n = 1 [106].
The polymer is cured with a 4-methyl-1,2-cyclohexanedicarboxylic anhydride agent
and accelerated by a 1-methyl-imidazole accelerator. The chemical structures of all
named molecules are shown in Fig. 4.2.
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Figure 4.2: Molecular structures of (a) the bisphenol-A-diglycidylether monomer,
(b) the 4-methyl-1,2-cyclohexanedicarboxylic anhydride curing agent
and (c) the 1-methyl-imidazole accelerator.

The curing reactions of the present epoxy system are presented in Fig. 4.3. Pri-
marily, an esterification occurs, which connects two epoxy monomers using an agent
molecule, as shown in Fig. 4.3 (a) and Fig. 4.3 (b). To initiate the chemical reac-
tion, the rings of the epoxy group and the agent molecule are opened, involving the
accelerator. In the numerical modeling, this process is neglected and all rings are as-
sumed to be initially open. Subsequently, the formed methyl group of the monomer
connects to the resulting hydroxyl group of the agent molecule, as shown in Fig. 4.3
(a). The remaining reactive site of the epoxy group, which is a hydroxyl group, can
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Figure 4.3: Curing reactions: esterification (a) and (b); etherification (c).
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form a covalent bond to a methine group of a different agent molecule, as can be
seen in Fig. 4.3 (b). Besides the esterification, a secondary reaction with a lower
probability, the etherification, exists, as shown in Fig. 4.3 (¢). It directly connects
the hydroxyl group of a monomer to the methyl group of a different monomer.

4.2 Summary of the Experimental Characterization of Epoxy

Within the FOR2021 project, the epoxy was characterized by a variety of macro-
scopic testing, such as tensile tests, fracture toughness tests, dynamic mechanical
analysis, thermogravimetric analysis and more. All of these tests were performed
at the Institute of Adaptronics and Function Integration of the TU Braunschweig
and the German Aerospace Center (DLR) in Braunschweig. For this thesis, only the
isotropic elastic properties are of interest, which were reported by Jux et al. [95].
From tensile tests, the Young’s modulus and the Poisson’s ratio yielded values of
3.33 GPa and 0.39, respectively.

4.3 Model Generation and Simulation Aspects

It has been stated in the previous chapter that by switching from the molecular
static MDFEM to a full-featured MD approach the methodology has undergone
some non-negligible changes. In the same evolution step, the cross-linking approach
implemented in the MolWizard was replaced by a more sophisticated dynamic one.
In chapter 5, an AFM based approach for the investigation of the elastic interphase
properties is presented, which is based on the MDFEM and the old cross-linking
algorithm. Since it is an important contribution and thus included in this thesis,
but not used in the multi-scale framework anymore, it has not been updated to
the full-featured MD method and the new cross-linking approach. For the sake
of completeness and clarity, both cross-linking approaches are introduced in the
following.

The original approach, implemented in the MolWizard, can be understood as a
purely geometrical algorithm and thus as a static realization of the cross-linking
process. Firstly, the uncross-linked structure is generated. Therefore, random con-
formations of the epoxy monomers are randomly packed into the simulation box
using Packmol [108]. The cross-linking is then performed similar to the work of
Yarovsky and Evans [41] and Wu and Xu [42]. In two sequenced steps, the esters
and ethers are created by randomly iterating over all hydroxyl groups and connecting
them to the closest available methyl group within a specified cutoff radius. In case
of the esters, this connection is established using a curing agent molecule, whereas
the ethers directly connect hydroxyl groups and methyl groups of the monomers.
The first step, the esterification, is thereby commonly performed using a smaller
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cutoff radius than the etherification step. In the particular case presented here, the
cutoff for the esterification and the etherification are chosen to be 10 A and 12 A
based on parametric studies. As soon as all curing agent molecules are placed or no
more reactive partners are found, the esterification is aborted and the etherification
starts.

This approach has been replaced by a dynamic, simulative approach. Again, the first
step is the generation of the uncross-linked structure. In addition to the monomers,
also the curing agents are randomly packed into the simulation box. After a short
equilibration, a cross-linking simulation is performed using LAMMPS [103], invoking
in particular the implemented cross-linking method (“fix bond _create”) in a slightly
modified form. The general idea is similar to the static approach but as a dynamic
realization. An MD simulation is performed, in which reactive sites coming closer
than a specified maximum reaction distance are connected. The LAMMPS cross-
linking method has been modified in such a way, that it prevents more than one
connection between a molecule pair. This important to prevent the creation of
unrealistic cross-links, like the one shown in Fig. 4.4. It shows two monomers,
whose epoxy groups formed a double connection (green mark). In reality, only one
connection is chemically feasible. Additionally, reactions between two reactive sites
of the same molecule are excluded, to avoid for instance that the rings of the curing
agent molecules are simply closed. Furthermore, a linear increase of the maximum
reaction distance throughout the cross-linking simulation has been implemented,
which leads to a smooth cross-linking over the cross-linking period and at the same
time to high degrees of cross-linking.

jege!
2adhas S VU
QO

Figure 4.4: Example of an undesired connection between two epoxy monomers.

The cross-linking simulations are performed using the Dreiding force field [112] with
a harmonic bond potential and a Lennard-Jones-(12,6) potential for the nonbonding
interactions. The nonbonding cutoff is chosen to be 12 A A curing period of 1 ns
with a time step of 1 fs and a relaxation period of 1 ps between the cross-linking steps
is used. Standardly, an isothermal-isobaric ensemble (NPT) with a Nosé-Hoover
barostat and thermostat [113] is applied. Since some of the interphase models in
chapter 5 require a different thermostat, for comparison an isoenthalpic-isobaric
ensemble (NPH) with an additional Langevin thermostat [114] is used. It should
be noted, the latter on does not sample an exact physical ensemble, but produces
comparable results to the Hoover NPT for large enough systems. To improve the
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mixing of the molecules and to accelerate the curing process, the curing simulations
are performed at a temperature of 500 K and a pressure of 1 atm. The reaction
distances for the fully cured epoxy (i.e. a degree of curing' > 90%) are chosen to
linearly increase from 2.5 A to 4.5 A for the esterification and from 1.5 A to 3.5 A
for the etherification. For lower degrees of curing, these distances are reduced, as
explained in section 4.4.3.

The following simulation steps are performed with the same force field, potentials
and ensembles as the curing simulations. After the cross-linking, the systems are
cooled down and equilibrated for a period of 2.75 ns at a temperature of 300 K
and a pressure of 1 atm. The loading simulations are performed at a temperature
of 300 K with a standard strain rate of 10° 1/s and a pressure of 1 atm in the
transverse directions.

4.4 Numerical Characterization of Epoxy using Virtual Tensile
Tests

4.4.1 Elastic Properties of the Reference Epoxy System

As a reference simulation throughout this thesis, an epoxy with a high degree of
curing of approximately 92% is used. This is a typical assumption found in numerical
studies in the literature [55, 56]. The exact consumption of all reactive groups as
an average of three simulation boxes of 6 nm box size is shown in Tab. 4.1. The
conversion of the reactive oxygen atoms of the monomers is slightly lower, which
can be explained by a higher number of available hydroxyl groups, compared to the
methyl groups. Even though the stoichiometric ratio is chosen in such a way that
the system contains a similar amount of epoxy methyl groups and curing agents,
with a value of 79%, the consumption of the curing agent molecules is lower than
the conversion of the methyl groups. This is on the one hand caused by a small
amount of etherifications in the system, which represent a share of approximately
7% of all cross-links. On the other hand, some curing agent molecules form only
one bond, while the second reactive site is not connected.

For the calculation of the elastic properties, three randomly generated models are
loaded in the three spatial directions. Hence, the elastic properties of nine simula-
tions are averaged. Instead of solving Hooke’s law from Eq. (2.9), by assuming an
isotropic behavior, which is a valid assumption for the pure epoxy, the procedure can
be simplified as follows. First, the Virial stresses and the box strains are calculated

'The term degree of curing describes the percent consumption of all methyl groups of the
monomers (i.e. the reactive C atoms of the epoxy groups)
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Table 4.1: Curing characteristics of the reference epoxy system (7s:
maximum reaction distance, Indices: . : esterification, c¢p:

etherification).

Test (A) 2.5-4.5
Tetn (A) 1.5-3.5
Consumption of curing agent C atoms (%) 78.87 £ 1.03
Consumption of curing agent O atoms (%) 78.57 £ 2.07
Consumption of epoxy C atoms (%) 91.78 £ 1.34
Consumption of epoxy O atoms (%) 85.66 + 0.37
Absolute number of esters (-) 688.00 £ 13.49
Absolute number of ethers(-) 47.67 £+ 3.40

according to Eq. (2.8) and Eq. (2.6). Therewith, the Young’s modulus is calculated
by fitting a straight (orange)
oc=FEe+n (4.1)

to the unfiltered stress-strain data (gray) in the loading direction, as shown in Fig.
4.5 (a). Afterwards, the resulting nine Young’s moduli are averaged. The blue
curve in Fig. 4.5 (a) is shown to ease the comprehensibility and represents a filtered
stress-strain curve, where each point shows the average of the unfiltered data over
a period of 50 fs. The Poisson’s ratio is calculated using the relation

L= Erl + €tr2 (4.2)
26long

with €0ng being the strain in loading direction and €41 and €2 the strains in the
two transverse directions.

The choice of the strain range for fitting the Young’s modulus is thereby ambiguous.
The typical values of 0.0005 - 0.0025 used in the experiments are too small or, in
other words, the stress-strain data fluctuates too much to obtain reasonable Young’s
moduli. Hence, the range has to be increased. This should, however, be done with
caution, since it can considerably influence the results, as can be seen from the
comparison of Fig. 4.5 (a) and (b). The orange straight in Fig. 4.5 (a) was fitted in
a strain range of 0.0001 - 0.001, whereas the interval for the fit of the green straight
in Fig. 4.5 (b) was chosen to be 0.005 - 0.025. From these two cases, the elastic
properties are calculated with values of £ = 6070 £+ 589 MPa and v = 0.324 + 0.047
and F = 5236 + 10 MPa and v = 0.326 + 0.007, respectively. While the Poisson’s
ratios are in a good agreement, a considerable influence of the strain range on the
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Figure 4.5: Stress-strain curve and linear fit of the reference epoxy system for a
strain range of (a) 0.001 - 0.01 and (b) 0.005 - 0.025.

Young’s modulus is observed. For the reference system, which is discussed here,
the smaller strain range seems appropriate, since for larger strains a considerable
nonlinearity is observed. However, for some of the cases investigated in the following,
it can be seen that the smaller strain range leads to unreasonable results. These
unrealistic values are caused by fluctuations of the stress-strain curves at small
strains, which can result e.g. from a non-ideal equilibration of the systems. Hence,
the results of both strain ranges are presented and compared in the following.

Generally, the calculated Young’s moduli from both strain ranges overestimate the
value measured in the experiment, which was reported to be 3370 MPa. In the
following sections, possible causes for this deviation are addressed.

4.4.2 Influence of the Strain Rate on the Elastic Properties

The strain rate used in the simulations presented above was é = 1071/57 which is
in the range of typically used values from the literature [56, 115]. This strain rate
is significantly higher than the ones applied in quasi-static experiments. According
to the test standard DIN EN 527-4, a loading velocity of 1 mm/min is used, which
results in a strain rate of 1.67 107* 1/s for a test specimen with 100 mm free
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length. Hence, a gap of 11 orders of magnitude between the experiments and the
simulations is present, which cannot be closed, neither from the experimental nor
from the numerical side.

In the literature, there is a disagreement about the existence of a strain rate effect
on the elastic properties. Many numerical studies, like [54, 56, 115-117], ignore
the large gap in strain rate between the experiments and simulations, and report
a good agreement between both. However, it is often unclear, how these results
were obtained. For instance, in some studies, the fit of the elastic properties is
performed in a large strain range up to 3% or more, which has been shown to in-
fluence the resulting properties above. There are other studies, which do observe
strain rate dependent elastic properties, like [58, 118|. These articles, similar to the
present thesis, report significantly deviating elastic properties from MD simulations
and experiments, which means considerably higher Young’s moduli and lower Pois-
son’s ratios. Other studies, like [55, 119], do not simulate varying strain rates but
also report elastic properties that differ from experimental values, which could indi-
cate strain rate effects. The same disagreement exists concerning the experimental
characterization of the elastic properties of polymers, as e.g. [120-122] observe a
strain rate dependency, but [123] does not. It can be concluded that the existence
of an influence of the strain rate on the elastic behavior of polymers has not been
completely understood in the literature.

Thus, a possible influence of the strain rate on the Young’s modulus for the present
epoxy system is discussed in the following. Three additional strain rates in the range
of ¢ = 10° — 10° 1/s are simulated. Fig. 4.6 shows both the time averaged stress-
strain curves and the resulting Young’s moduli. Clearly, a strain rate dependent
Young’s modulus is observed for the evaluation in both strain ranges, as the values
for the minimum strain rate of ¢ = 10°1/s and the maximum one of ¢ = 10°1/s differ
by approximately 800 - 900 MPa. An explanation for this behavior could be that at
lower strain rates the polymer network has more time to react to the deformation
and to relax the resulting stress. As even the existence of a strain rate dependent
Young’s modulus of polymers is controversially discussed in the literature, there is
no model available to describe a potential dependency. However, as illustrated by
the logarithmic fit shown in Fig. 4.6 (b), it is imaginable that the gap between the
experimentally and numerically obtained Young’s moduli could be explained by the
strain rate. Of course, an extrapolation over such a large range is prone to errors, and
too little data is available from both the experiments and the simulations, to further
elaborate on this relation in the scope of this thesis. Still, it can be concluded that
the strain rate used in the MD simulations is one possible cause for the deviations
between experiments and simulations.
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Figure 4.6: Numerical results of (a) the time averaged stress-strain curves of the
reference epoxy system for different strain rates and (b) the dependence
of the Young’s modulus on the strain rate.

4.4.3 Influence of the Network Structure on the Elastic Properties

Another, by far more complex influence arises from the network structure of the
epoxy. So far, a high degree of curing above 90% was assumed. However, there is
no information about the absolute experimental degree of curing available. Thus,
in the following, two reduced degrees of curing are generated and simulated, which
will be denoted as “medium cross-linking” and “low cross-linking”. To obtain these
models, the maximum reaction distances in the curing simulations are reduced to
the values shown in Tab. 4.2. Additionally, a reaction between two curing agent
molecules according to the reaction schemes shown in Fig. 4.7 could be possible
[124]. Thereby, the reaction shown in Fig. 4.7 (a) connects the methyl group
of an epoxy monomer to the hydroxyl group of a curing agent, similar to the first
esterification step from Fig. 4.3 (a). In Fig. 4.7 (b), however, the free methine group
of the curing agent can bond to the hydroxyl group of another curing agent. This
could theoretically lead to endlessly long hardener chains. In the curing simulations,
the formation of hardener chains is assumed to have the same maximum reaction
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Figure 4.7: Reaction scheme for the formation of curing agent chains during the
epoxy cross-linking.

distance as the epoxy esterification, which means that both reactions have an equal
reactivity. The used maximum reaction distances for all alternative cases are shown
in Tab. 4.2.

Tab. 4.2 additionally shows the curing characteristics of the three alternatively cross-
linked systems. The two cases with reduced cross-linking essentially show a decrease
in the conversion of all reactive sites as well as a decrease in the total number of
cross-links created. The medium cross-linking results in a degree of curing of 87%
and the low cross-linking in a degree of curing of 72%. The third case, which allows
for the formation of curing agent chains is denoted as “hardener chains” from here
on. In this case, the cross-linking of the epoxy monomers is significantly reduced,
which can be read from the lower conversion of the reactive sites of the epoxy as
well as the lower number of esters compared to the reference case from Tab. 4.1.
The conversion of agent molecules, however, is significantly increased.

Table 4.2: Curing characteristics of the alternative epoxy systems (r: maximum
reaction distance, Indices: cs¢: esterification, c¢p: etherification).

Medium Low Hardener
cross-linking cross-linking chains

Test (A) 2.0 - 4.0 2.0-3.5 2.5-4.5
Tetn (A) 1.0 - 3.0 1.0-2.5 1.5-2.5
Agent C atoms (%) 76.89 + 0.49 68.57 + 2.25 94.13 £ 0.66
Agent O atoms (%) 76.13 £ 0.43 70.40 £ 2.24 95.96 £ 0.88
Epoxy C atoms (%) 86.70 + 1.06 72.22 £ 2.30 64.63 + 1.88
Epoxy O atoms (%) 81.37 £ 0.37 65.43 £ 2.15 58.37 £ 2.37
Esters (-) 668.67 £ 1.70 | 607.33 = 19.60 | 686.67 + 8.73
Ethers(-) 36.67 £ 2.62 0.00 £ 0.00 0.00 £ 0.00
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For the specific epoxy system investigated here, each epoxy group can be in three
different states, as illustrated in Fig. 4.8. Firstly, it can have one connection, which
is always a connection to the monomer the epoxy group belongs to. This can be
interpreted as a dead end (see the blue mark in Fig. 4.8). Secondly, it can have
two connections, of which one is always a connection to the monomer it belongs
to and the other one is a connection to a curing agent molecule (ester) or another
monomer (ether). This case can be understood as the formation of polymer chains,
but is not a cross-link between two polymer chains (red mark in Fig. 4.8). Thirdly,
the epoxy group can have three connections, one to its monomer and two esters or
ethers. Only this case represents a cross-link between polymer chains (green mark
in Fig. 4.8).

Figure 4.8: Schematic illustration of the different states an epoxy group can be in
(blue mark: one bonded, red mark: two bonded and green mark: three
bonded epoxy group).

Fig. 4.8 implies that not all epoxy groups contribute to the actual cross-linking.
In other words, the chains between each cross-linking point can consist of more
than one monomer or curing agent. Thereby, the length and composition of the
chains between the cross-linking points are characteristic for the polymer network,
even more than the degree of cross-linking. To illustrate that the polymer network
structure is considerably affected in chosen alternative cross-linking cases, Fig. 4.9
shows the probability distribution of the number of monomers and curing agents
between two cross-linking points.

The x-axis of each subplot in Fig. 4.9 reflects the number of curing agents between
two cross-linking points and the y-axis the number of monomers between two cross-
linking points. Thus, in the bottom left corner, the shortest chains can be found
while moving towards the top right corner the chains get longer. A chain of zero
monomers and zero curing agents if of course not possible, which is why it is always
blank. The color of each marker indicates the count of the respective combination
on a logarithmic scale. For all four cases, the majority of the chains consist of
only one monomer or one curing agent, which are the shortest possible chains.
However, the lower the degree of cross-linking is, the longer the chains get and the
more the probabilities are extended diagonally towards the top right corner. For
the lowest degree of curing (Fig. 4.9 (c)), around 30% of the chains have more
than one hardener or monomer. In contrast, the highest degree of curing (Fig.



72 4 Atomistic Scale: Epoxy

Count

\\\\\\‘
w -\\\\H\
2 10° 10!
=
g 4O T T T T T T T ],
a0
g 3 1 3
4
£ 2 [ | 4 2
2]
0w
: mEe 1
go R B R R
2 01 2 3 45 6 7 8 910
i3
8 (a)
4
2 T T T T T T 1
§4 - 4
s 3 [ | 4 3
5 2 [ 12
s 1 =4 1
e
£ 0 IR RN B R E NS R
“ 2 3 4 5 6 7 8 9 10 01 2 3 45 6 7 8 910

(c) (d)

Number of curing agents between crosslinking points(-)

Figure 4.9: Probability of the number of monomers and curing agent molecules be-
tween each cross-linking point: (a) high cross-linking (reference), (b)
medium cross-linking, (c) low cross-linking and (d) hardener chains.

4.9 (a)) has only 14% chains with more than one monomer or agent. It can be
assumed that longer chains between the cross-linking points reduce the stiffness of
the polymer network, which is indeed observed in the next paragraph. The option,
which allows for the reaction of two curing agents (Fig. 4.9 (d)), shows even more
distinct deviations. The probabilities are shifted more to the right than to the top,
which is caused by the less strict rules for the formation of chains. If a reaction of
two curing agents is possible, a chain could e.g. consist of m-a-a-m-a-a-m instead
of m-a-m-a-m, assuming that m stands for monomers and a for curing agent. In
total, around 50% of the chains between the cross-linking points have more than
one monomer or one curing agent. One chain even extends up to ten agents and
four monomers. Again, this should cause a reduction in the stiffness of the polymer
network.

The influence of the network structure on the stress-strain curves and the Young’s
modulus is shown in Fig. 4.10. It compares the simulated Young’s moduli of the four
numerical cross-linking cases, as explained before, to the experiments with unknown
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Figure 4.10: Numerical results of (a) the time averaged stress-strain curves of the dif-
ferently cross-linked epoxy systems and (b) the corresponding Young’s
moduli.

degree of cross-linking. This example illustrates, that fitting the Young’s modulus in
a strain range of 0.001 - 0.01 can lead to a misinterpretation of the results, caused by
the fluctuations of the curves at low strains. The fit in the higher strain range shows
that a reduction of the degree of curing, as expected, leads to a gradual reduction
of the Young’s modulus. This trend is also visible looking at the stress-strain curves
from Fig. 4.10 (a), but not for the fit in the low strain range from Fig. 4.10 (b). An
overall reduction of around 1 GPa is observed comparing the reference case (high
cross-linking) and the low cross-linking option. The case with enabled hardener
chains results in a Young’s modulus comparable to the medium cross-linking case.
This is interesting because the hardener chain option has a much lower degree of
curing (i.e. the conversion of the methyl groups). Thus, concluding from the degree
of curing on the elastic properties, as it is typically done in the literature, is not
always meaningful. In other words, the lowest degree of curing does not necessarily
lead to the lowest elastic properties. It is important to additionally consider other
parameters, like the conversion of curing agents or the total amount of created esters.
Tab. 4.2 shows that the hardener chains case has the highest conversion of curing
agents of all cases. Additionally, it’s total amount of created esters is comparable to
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the reference case with high cross-linking. These two parameters neutralize the low
degree of cross-linking and cause the equivalent elastic properties of the hardener
chains and medium cross-linking cases.

Concluding, the network morphology can significantly influence the elastic properties
of the polymer. The Young’s moduli calculated from the chosen example systems
show a maximum deviation of approximately 1 GPa. Thus, the network structure
can also contribute to the gap between the experimentally measured Young’s moduli
and the ones presented earlier in this chapter.

4.4.4 Influence of the Force Field on the Elastic Properties

The last influencing factor discussed here is the choice of selected force field param-
eters. Specifically, two alternative options are investigated. Firstly, some studies
in the literature report that the usage of the Dreiding-X6 potential (Buckingham
potential) instead of the Lennard-Jones potential for the nonbonding interactions
can result in more realistic mechanical properties [56]. Secondly, in the Dreiding
force field [112] it is not explicitly stated if the nonbonding interactions between the

Experiment Jux et al. [95] Il Simulation LJ, no 1-4 interactions
[ 1 Sim. (e = 0.001...0.01) [ Sim. Buckingham, no 1-4 interactions
Sim. (e = 0.005...0.025) B Simulation LJ, with 1-4 interactions
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Figure 4.11: Numerical results of (a) the time averaged stress-strain curves obtained
with the different force field options and (b) the corresponding Young’s
moduli.
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first and fourth atom of a dihedral should be included or not. In all simulations
presented until here, these interactions were excluded. Thus, to investigate their
influence, in the following, they are enabled in LAMMPS. The results are shown in
Fig. 4.11. With values of 5.33 GPa and 4.51 GPa calculated from the smaller strain
range (0.0001 - 0.001), both cases lead to lower Young’s moduli compared to the
reference case. Hence, also the choice of the force field parameters can considerably
influence the calculated elastic properties and thus the gap between the experimen-
tal and simulation results. In fact, the deviation between the reference case and the
case with enabled 1-4-interactions is approximately 1.6 GPa, which is more than the
maximum deviation of the different cross-linking cases.

4.4.5 Influence of the Thermostat on the Elastic Properties

As mentioned before, using the NPT ensemble with a Nosé-Hoover barostat and
thermostat [113] for models consisting of different materials can lead to an unphysical
behavior and wrong temperature profiles. An example is shown in section 5.2.1.
To avoid this, an NPH ensemble with an additional Langevin thermostat [114] is
used instead. Generally, if an NPH ensemble is combined with a thermostat, an
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Figure 4.12: Numerical results of (a) the time averaged stress-strain curves obtained
with different thermostats and (b) the corresponding Young’s moduli.
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NPT ensemble is obtained. Hence, the two cases only differ in the underlying
thermostat formulation. Here, a comparison of both approaches is presented, to
ensure compatible results and to justify this transition. Therefore the reference case
from the above investigations is equilibrated and subsequently loaded using the NPH
ensemble with an additional Langevin thermostat. The comparison of the results is
shown in Fig. 4.12.

The NPT ensemble employing the Nosé-Hoover thermostat results in Young’s mod-
uli of 6.07 GPa and 5.24 GPa for the fitting in the strain ranges of 0.001 - 0.01 and
0.005 - 0.025, respectively. The NPH ensemble with the additional Langevin ther-
mostat leads to values of 6.09 GPa and 5.24 GPa. Both cases show an outstanding
agreement. Thus, the usage of the Langevin thermostat in the following chapter is
feasible.

4.4.6 Verification of the Approach for the Calculation of the Local
Elastic Properties

In order to verify the new approach for calculating the local elastic properties from
MD simulations presented in section 2.2.1, the reference epoxy from section 4.4.1
is reconsidered. To ease the comprehensibility, from here on the new approach is
denoted as the “local approach”, whereas the combination of the Virial stress and
the box strain is called the “classical approach”. The goal of this section is to show
the equivalence of both approaches for a box of pure polymer. It was stated before
that the classical approach can only deliver the elastic properties globally for the
whole simulation box. To be able to compare both approaches, instead of dividing
the models into several subsections, the local approach is performed for only one
section, which is equal to the whole simulation box. In other words, for verification
purposes, the local approach is not used to calculate local elastic properties in this
section, but the global ones. The calculation of the local interphase properties, for
which the local approach is designed, is demonstrated in the following chapter.

Firstly, a reasonable value for the interaction radius has to be identified. Therefore,
the strain of the simulation box is calculated using Eq. (2.14) with increasing rinter
and compared to the classical strain definition calculated from Eq. (2.6). The
criterion for choosing the interaction radius is a converged strain value and a good
agreement between the two strain measures of the local and the classical approach.
Fig. 4.13 shows the comparison of both strains. It can be seen that this criterion is
fulfilled for sufficiently large values of 7inter. From here on, the interaction radius
is chosen to be 6.5 A for all further simulations, including the investigation of the
interphase in the following chapter.

The comparison of the stress-strain behavior of the local and the classical approach
for the reference epoxy simulation box is plotted in Fig. 4.14. The shown gray curve
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Figure 4.14: Comparison of the stress-strain curve calculated using Virial stress and
box strain and using the local approach presented in section 2.2.1.

is the unfiltered stress-strain data, as previously shown in Fig. 4.5. The blue curve
is intended to ease the comparison between the two approaches and represents a
spline fit to the unfiltered data. The orange markers show the stresses and strains
calculated using the local approach (Eq. (2.10) and Eq. (2.14)). Thereby, each point
represents one deformed configuration. Again, the region R is chosen to be equal to
the whole simulation box and the results are averaged for three randomly generated
simulation boxes and the three spatial directions. Fig. 4.14 shows that both ap-
proaches agree outstandingly for all deformed configurations. Furthermore, it can
be seen that also the non-linearity of the original data and of the spline fit can be
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reproduced by using multiple deformed configurations. Hence, as promised earlier,
the local approach is not limited to the calculation of the local elastic properties,
but is also capable of capturing inelastic phenomena.

In case of the local approach, the stiffness is calculated from the stresses and strains
in the reference state and the deformed configuration at a strain of 0.01. Assuming
an isotropic behavior, the Young’s modulus yields

a_def _ a_ref

Eioe = —F—.
loc Edef _ E'ref

(4.3)

The Poisson’s ratio is calculated similarly to the classical approach using Eq. (4.2).

Tab. 4.3 provides an overview of the resulting elastic properties. Both approaches
agree outstandingly, with a slightly higher stiffness, but a lower Poisson’s ratio in
case of the local approach. It can be concluded that the local approach is capable
of calculating the correct response for the reference epoxy. Hence, in the following
chapter, it will be applied to the characterization of the elastic interphase properties
of the boehmite/epoxy interphase.

Table 4.3: Comparison of the elastic properties from the classical and the
local approach.

Classical Local

approach approach
Young’s modulus E (MPa) 6070 £ 589 6174 + 481
Shear modulus G (MPa) 2293 + 281 2367 + 203
Poisson’s ratio v (-) 0.324 + 0.047 0.305 + 0.011

4.5 Conclusions

In this chapter, details of the generation, simulation and ultimately the results of
the pure epoxy simulations were discussed. The elastic properties of the reference
system (i.e. for instance a high degree of curing above 90%, a strain rate of é =
1071/s and a Lennard-Jones potential for the nonbonding interactions) yielded in
a Young’s modulus of 6.07 GPa and a Poisson’s ratio of 0.324. The experimentally
measured values are £ = 3.37 GPa and v = 0.39. The cause of the resulting large
deviations was addressed by performing parametric studies at different strain rates,
with different cross-linking assumptions and different force field options.
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It has been shown that all the investigated parameters and cases considerably in-
fluence the calculated elastic properties. It seems feasible to find combinations of
these parameters, with which the experimental results can be reproduced. However,
with the given validation possibilities it is impossible to determine the correct set
of parameters. As discussed earlier, the literature is divided, as many studies re-
port a good agreement between the numerical and experimental results and others
show large differences. All of these studies have in common that the reason for the
matching or deviating behavior remains unclear. From the authors’ point of view,
it is pointless to adjust the previously investigated (or possible additional) param-
eters until a good agreement between the numerical and the experimental results
is reached since it is safe to assume that many possible combinations exist. Which
one is the correct one? For the rest of this thesis, the properties and parameters of
the reference case are used, since they reflect the original assumptions concerning
the network morphology, which were made based on information from the manu-
facturer [106] and decided upon together with some of the project partners in the
FOR2021 project. Based on the available experimental insights and the expertise
of the coworkers, these assumptions should provide the most realistic description
of the polymer network structure. Furthermore, it was shown that the deviations
between the experimental and numerical results are not necessarily connected to
the network structure, but could be attributed to the high strain rates used in the
numerical simulations.

The previous discussion is often concealed in the literature. Future research should
focus on disarticulating this complex topic and aim at establishing better validation
possibilities, e.g. of the network morphology. First attempts in this field were made
by Unger et al. [125], who compared the reaction kinetics from MD simulations to
near-infrared spectroscopy results. This method, which provides an indirect vali-
dation of the network structure, is, however, not applicable for the present epoxy
system, since it cannot distinguish between the reactive sites (e.g. hydroxyl groups)
of the monomer and curing agent used in the present thesis.

Furthermore, in this chapter, the newly developed approach for calculating the local
elastic properties from MD simulations was verified for the pure epoxy. Since an
outstanding agreement with the classical approach using the Virial stress and the
box strain was observed, the local approach will be used in the following chapter for
the investigation of the local elastic interphase properties.






5 Atomistic Scale: Boehmite-Epoxy Interphase

An interphase is a newly created phase, which can develop at the boundary of
adjacent spatial regions of different matter. Thereby, it should be distinguished
between the terms interface and interphase. An interface is the boundary of the two
phases, in other words, the two-dimensional contact area of the regions of different
matter. The interphase, in contrast, has a thickness and hence a three-dimensional
extent. The reasons for the development of an interphase are versatile. In the present
case of a boehmite/epoxy material combination, the interphase can only be found
in the amorphous polymer region. The crystalline structure of boehmite does not
show any considerable interphase effects. In particular, the BNP/epoxy interphase is
caused by two effects. Firstly, the physical interactions between boehmite and epoxy
lead to repulsive forces and a shift of polymer away from the interface. Secondly, the
BNPs can interfere with the epoxy cross-linking and thus affect the polymer network
structure. The mechanism behind this and the influence on the elastic interphase
properties are discussed in this chapter.

To obtain the elastic properties of the interphase, two different approaches are in-
vestigated: An AFM simulation-based approach and the new method for the calcu-
lation of the local elastic properties from MD simulations, as described in section
2.2.1. As explained when the idea of simulating AFM was introduced in chapter
3, these simulations rely on the molecular static implementation of the MDFEM.
The implications of this approach have already been discussed. Again, from the
authors’ point of view, the presented AFM simulations should be updated to a full-
featured MD approach, including the dynamic cross-linking, as discussed in section
4.3. This is of significant importance for polymer simulations, in which the lack of
a correct representation of the temperature can considerably influence the results.
The AFM simulation-based approach for characterizing the BNP /epoxy interphase
is an important contribution and is hence comprised in this thesis. However, it is
no longer used in the multi-scale framework and has thus not been updated. This
fact should be kept in mind while reading this chapter, especially when it comes to
the transferability of the results obtained with the two approaches.

As stated in the introduction, a direct experimental measurement of the elastic
properties of the BNP /epoxy interphase was not reported in the literature. Also in
the scope of the FOR2021 project, this goal could not be reached, which is why a
summary of the experimental results, as is was presented in the previous chapters,
is not shown here.

81
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5.1 Numerical Characterization of the Interphase using AFM
Simulations

5.1.1 Modeling and Simulation Aspects

The generation of the simulation models is in large parts based on the model gener-
ation presented in the previous chapters. Specifically, the general idea of simulating
AFM and the generation of the crystalline structure of boehmite are shown in sec-
tion 3.2.1 and the epoxy cross-linking is explained in section 4.3. For the AFM
simulations presented in this chapter, the old non-simulative epoxy cross-linking
approach implemented in the MolWizard is used. In the following, only differences
to what was discussed earlier are described.

The main difference in the generation of the chemical structure is that the boehmite
surface hydroxyl groups can join the epoxy cross-linking reaction (see section 4.1,
Fig. 4.3). To illustrate this, Fig. 5.1 highlights all reactive hydroxyl groups of the
whole system with green marks. The boehmite hydroxyl groups highlighted in Fig.
5.1 (a) can behave similarly to the ones of the agent molecules, highlighted in Fig. 5.1
(c). Thereby, the reactivity of the different (i.e. boehmite (Fig. 5.1 (a)), epoxy (Fig.
5.1 (b)) and curing agent (Fig. 5.1 (c))) hydroxyl groups is experimentally unknown
and subject of the investigations presented in this chapter. Surface modifications,
which are typically applied to influence the chemical interaction between NPs and
polymer, are not modeled explicitly. With this simplification, the effort of the
model generation is reduced. Furthermore, for many surface modifications, the exact
reaction mechanisms and the resulting long-range effects on the polymer network
are experimentally unknown as well. Instead, in this thesis, the reactivity of the
boehmite surface hydroxyl groups is varied (see also section 5.2.1). For the old
cross-linking approach implemented in the MolWizard, the number of cross-links
created between boehmite and epoxy can be specified directly. In the following
AFM simulations, three cases are compared, which are denoted as no chemical
bonding (between boehmite and epoxy), medium chemical bonding (corresponds to
15% of the surface hydroxyl groups of boehmite being bonded to the epoxy) and
strong chemical bonding (corresponds to 25% of the surface hydroxyl groups being
bonded to the epoxy).

To create the AFM models for the characterization of the interphase, simulation
boxes containing a 3 nm BNP at a low weight fraction of 1% are generated. These
models are cut in the middle, so that the particle is cut in half, to make the interphase
accessible. Subsequently, the AFM tip is generated and added to the model, as
described in section 3.2.1. The whole model is then equilibrated for a period of
150 ps at a time step of 1 fs. Afterward, the AFM tip is shifted to the desired
measuring point. To save computational time, the model is further reduced by
cutting out the cubic part under the AFM tip, as indicated by the dashed orange
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Figure 5.1: Chemical structures of (a) the unit cell of boehmite, (b) the molecular
structure of the epoxy monomer and (c) the molecular structure of the
curing agent. The green marks highlight all reactive hydroxyl groups.

lines in Fig. 5.2. The size of the cutout is determined by parametric studies, which
are presented in section 5.1.3. After reducing the model, another relaxation of 100 ps
is performed, before the AFM tip displacement of 1 nm in a period of 300 ps at a
time step of 1 fs is applied.

AFM tip

Particle

Figure 5.2: Schematic illustration of the AFM measuring points and the reduction
of the simulation box.

5.1.2 Characteristics of the Interphase Network Structure

Before the elastic properties are presented, the influence of the interfacial bonding
on the interphase morphology of the polymer is discussed. Therefore, Fig. 5.4
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provides insight into the characteristics of the interphase network structure. The
profiles of four characteristic variables are shown: the mass density, the epoxy cross-
link density (i.e. the number of cross-links per unit volume excluding connections
between boehmite and epoxy), the total cross-link density (including connections
between boehmite and epoxy) and the amount of curing agent molecules per unit
volume. The shown profiles are obtained by slicing the simulation models into
spherical shells around the particle center of mass (see Fig. 5.3), calculating each
of the characteristic variables and normalizing it with respect to the volume of the
spherical shell. The characteristic variables are then plotted against the distance
to the particle center of mass. The two extreme cases, which are the case without
chemical bonding between the BNP and the epoxy (blue in Fig. 5.4) and the case
with strong chemical bonding (orange in Fig. 5.4) are compared to the values of the
bulk epoxy material (gray in Fig. 5.4), which was calculated from the pure epoxy
models from the previous chapter. The vertical dashed lines in Fig. 5.4 indicate the
phase boundaries of boehmite and the interphase. How the interphase boundaries
are defined is explained in the following paragraphs. Using spherical shells for a
not exactly spherical particle (see Fig. 5.3) leads to a certain smearing of the
characteristic variables close to the BNP surface. This makes an exact definition
of the boehmite boundary difficult. As compromise between all profiles shown in
Fig. 5.4, the boundary of the BNP is assumed to be located at a distance of 17 A
from the particle center of mass. As explained earlier, the results shown here are no

Figure 5.3: Schematic illustration of the calculation of the characteristic variables
plotted in Fig. 5.4 (dgj; describes the mid-interval distance of slice 4
from the particle center of mass).
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longer used in the multi-scale framework. Thus, this uncertainty is accepted for the
following explanation of the network morphology.

The mass density profiles are shown in Fig. 5.4 (a). The boundary of the boehmite
region can clearly be identified, as both density profiles exhibit a sudden drop of the
density at around 18 A away from the particle center of mass. It does not exactly
coincide with the defined boehmite boundary because of the previously mentioned
smearing due to using spherical shells for calculating the shown profiles. In the
chemically unbonded case (blue curve), a significantly reduced density compared to
the bulk epoxy is observed in the adjacent region of approximately 7 A thickness.
This reduction is due to the expulsion of epoxy caused by the physical interactions
between the BNP and the epoxy. The chemically bonded case, shown in orange,
also shows a reduced mass density region of approximately the same size. However,
the reduction is significantly mitigated and bridged by the chemical bonds between
boehmite the epoxy. Both cases reach the bulk epoxy density at a distance to
the particle center of mass of approximately 25 A. The simulations predict a bulk
density of 1.161 g/cm®, which is in good agreement with the literature values of 1.15
- 1.2 g/cm? [106].

The epoxy cross-link density profiles are plotted in Fig. 5.4 (b). The shown pro-
files include all cross-links created between two epoxy monomers or between epoxy
monomers and curing agent molecules but exclude cross-links between epoxy and the
BNP. From the comparison of the two cases, it could be concluded there are no con-
siderable differences. However, this conclusion would be incorrect. In the chemically
unbonded case, the epoxy cross-link density correlates well with the mass density
profile from Fig. 5.4 (a). Since the epoxy is repelled from the region close to the
BNP surface, the amount of cross-links is reduced compared to the bulk epoxy. The
mass density profile of the strong chemical bonding case revealed that the expulsion
of the material is much lower. In other words, the mass density in the interphase
region with enabled chemical bonding is higher compared to the unbonded case. If
the mass density is closer to the one of the bulk polymer, the same should apply to
the epoxy cross-link density. This, however, is not the case in Fig. 5.4 (b), as both
cases show an almost similar trend. Thus, it can be concluded that the enabled
chemical bonding between the BNP and the epoxy impedes the epoxy cross-linking
close to the BNP surface.

The total cross-link density profiles, shown in Fig. 5.4 (c), substantiate this argu-
mentation. Since there is no chemical connection between boehmite and epoxy, the
shown blue curve for the chemically unbonded case matches the one from Fig. 5.4
(b). In the chemically bonded case (orange), the total cross-link density shows a
good agreement with the bulk epoxy for distances to the particle center of mass
greater than 20 A. In contrast, the epoxy cross-link density from 5.4 (b) reaches the
bulk epoxy values at around 25 A. This comparison shows that close to the boehmite
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Figure 5.4: Comparison of the interphase network morphology of the BNP /epoxy
samples without chemical bonding and with strong chemical bonding
between the BNP and the epoxy after the equilibration simulations: (a)
Radial mass density, (b) epoxy cross-link density, (c) total cross-link
density and (d) density of curing agent molecules. The vertical dashed
lines indicate the phase boundaries of boehmite and the interphase.
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surface the majority of cross-links are created between boehmite and epoxy, leading
to a low cross-linked epoxy region.

Another support can be found in the plot of the curing agent density profiles, which
are shown in Fig. 5.4 (d). In the chemically unbonded case, again, the shown trend
correlates well with the mass density and cross-link density profiles. The chemically
bonded case leads to an accumulation of curing agent molecules close to the BNP
surface, which explains the bridging of the mass density profile from Fig. 5.4 (a).
Adjacent, towards the bulk material, a region of reduced curing agent density can
be found.

The interphase in the chemically unbonded case is determined by the repulsion
between boehmite and epoxy caused by the nonbonding interactions. This expresses
through the region of reduced density shown in Fig. 5.4 (a) and the outward shift in
the remaining three profiles. In the chemically bonded case, the repulsion between
the two phases is mitigated by the covalent bonds. In addition, an alteration of
the epoxy network due to the presence of the BNP is observed. In both cases, the
interphase can be found between 17 and 25 A away from the particle center of mass,
which leads to a thickness of approximately 8 A

5.1.3 Preliminary Simulations

Similarly to the preliminary AFM simulations of the boehmite in chapter 3, the
purpose of this section is to find the minimum required AFM tip and sample sizes.
Therefore, AFM simulations of the bulk epoxy are conducted, with the AFM tip
radii ranging from 1 to 5 nm and the sample sizes ranging from 9 x 5.4 x 9 nm? to
15 x 9 x 15 nm?® with a constant aspect ratio. The sample size for the simulations
with varying tip radii is chosen to be 15 x 9 x 15 nm?® and the tip radius for the
simulations with varying sample size is chosen to be 3 nm. The results for both
studies are shown in Fig. 5.5 and Fig. 5.6, respectively.

With increasing AFM tip size, the calculated moduli converge against a value of
approximately 3.6 GPa. Small radii lead to an underestimation of the Young’s
modulus, but already for a tip radius of 3 nm, the deviation from the converged
modulus is below 4%. As a compromise between efficiency and accuracy, for all
following simulations, the tip size is chosen to be 3 nm. Generally, the AFM simu-
lations seem to slightly overestimate the Young’s modulus of the epoxy, but with an
error of 7% they still show a good agreement with the result from the macroscopic
tensile tests (3.37 GPa, Jux et al. [95]).

To this point, the good agreement between the simulated results and the experi-
ments on the one hand and the large deviations from the results from chapter 4 on
the other hand may seem surprising. The reason for this has partly been explained
in the introduction of this chapter. The simulations presented here were performed
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Figure 5.5: Influence of the AFM tip radius on the calculated Young’s modulus of
the bulk epoxy.

using the MDFEM, employing an NVE ensemble without a proper initialization of
the energy. This means that temperature-related effects were not considered cor-
rectly. Again, from the author’s point of view, this is inadequate and the simulations
should be updated to a full-featured MD approach. Furthermore, in preparation for
the AFM simulations, pure epoxy simulations were calibrated to fit the results of
experimental tensile tests. Thereby, the effects discussed in chapter 4 were ignored.
To correctly predict the interphase properties, it is crucial to understand these ef-
fects and incorporate them accordingly into the simulations. Since the AFM results
presented in this section are no longer part of the multi-scale framework, these two
recommendations were not realized here.

Compared to the boehmite samples from section 3.2.2, the FDC curves simulated
for the bulk epoxy plotted in Fig. 5.6 show significantly larger fluctuations, which
is particularly visible for the smaller models. The reason for this behavior is the
amorphous polymer network, which is prone to sudden structural changes, like snaps
from one equilibrium position to another. To allow for a reasonable fitting of the
Hertz curve, the AFM tip displacement is increased compared to the AFM simula-
tions of boehmite to a maximum value of 1.5 nm. The straight dashed lines in Fig.
5.6 represent the onset of a deviation of the simulated curves from the Hertz curve,
which is caused by boundary effects. No dashed line is shown for the smallest sample
size of 9 x 5.4 x 9 nm?® since its initial stiffness is already too high. The largest
sample size of 15 x 9 x 15 nm?® is also not represented by a dashed line since a
good agreement between the simulated curve and the Hertz curve is observed in the
whole simulated displacement range. Similarly to the boehmite AFM simulations,
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Figure 5.6: Influence of the sample size on the calculated FDC curves of epoxy. Only
data points left of the vertical dashed lines are considered in the fit.

the onset of the deviation is shifted to lower deformations, when the sample size is
decreased. To receive a sufficiently large range for the Hertz fit, but at the same
time limit the numerical cost, a sample size of 12 x 7.2 x 12 nm?® is chosen for all
further simulations.

5.1.4 Elastic Properties of the Interphase

To obtain the gradient of the interphase Young’s modulus (i.e. the dependence of
the Young’s modulus on the distance to the BNP surface), for each bonding case, 15
indentations are simulated on a radial line between 0 and 40 A away from the particle
surface, as illustrated in Fig. 5.2. The results are shown in Fig. 5.7. Similar to
AFM experiments, the region close to the particle surface cannot be characterized,
since, depending on the tip size, the tip flank and the particle overlap. Thus, in the
region of approximately 1.7 nm around the particle, a mixed modulus is calculated.
This region is excluded from Fig. 5.7 and the x-axis starts at a value of 1.5 nm.

Fig. 5.7 shows the comparison of the three different bonding cases. The reference
case, which has no chemical bonding between the BNP and the matrix, but only
physical interactions, exhibits a constant Young’s modulus slightly above the experi-
mental value. In this case, no interphase is visible, as it is hidden in the region where
a mixed modulus is calculated (the x-axis in Fig. 5.7 starts at 1.5 nm). This is in
agreement with the findings concerning the characteristics of the interphase network
structure, where no alteration of the polymer network was observed. The second
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case, denoted as medium chemical bonding (15% of the boehmite surface hydroxyl
groups bonded to the epoxy), clearly shows a region of reduced Young’s modulus
which can be found between 18 and 38 A away from the particle surface. The max-
imum stiffness reduction is approximately 1 GPa, which corresponds to a decrease
of around 30%. Further away from the particle, the Young’s modulus reaches the
bulk epoxy value. The third case, which has a strong chemical bonding between the
BNP and the epoxy (25% of the boehmite surface hydroxyl groups bonded to the
epoxy), exhibits an even softer and larger interphase. In fact, the used models are
too small to actually measure the extent of the interphase. The Young’s modulus
is reduced by a maximum of approximately 2 GPa, which is a decrease of 60%.
Generally, in both chemically bonded cases, the reduction of the interphase stiffness
can be attributed to the reduced epoxy cross-linking in the vicinity of the BNPs.

8 I I
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- - - Macroscopic tensile test [95]

Young’s modulus (GPa)
=
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Figure 5.7: Interphase Young’s modulus in dependence on the distance of the inden-
tation from the particle surface.

Using AFM simulations for the determination of the elastic interphase properties
has considerable drawbacks. Firstly, as mentioned before, due to the overlap of the
AFM tip and the particle, mixed moduli are calculated instead of the actual inter-
phase moduli in a region close to the BNP surface. It is shown later that the elastic
properties of this region dominate the overall effective interphase properties. Sec-
ondly, even for small AFM tips, the probe volume is quite large. As schematically
illustrated in Fig. 5.8, this leads to a smearing of the real stiffness gradient. Thus,
the Young’s moduli measured by AFM can be inaccurate and not representative of
the exact measuring position. Furthermore, it can be assumed that the interphase
thickness is overestimated due to the smearing, which is particularly problematic
for small interphases, like the one investigated here. In fact, for the strong chemi-
cal bonding case, an interphase thickness of 8 A was determined from the network
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characteristics, whereas the AFM simulations indicate a drastically larger inter-
phase. Thirdly, the network characteristics discussed above show that even without
chemical bonds between boehmite and epoxy a small interphase exists, which is
caused by the physical interactions. The same effect can occur between the AFM
tip and the sample. Hence, in both AFM experiments and simulations, a mixed
modulus of the tip-sample interphase and the sample is measured, which can lead
to further inaccuracies. These major disadvantages led to the development of an
alternative approach, which is presented in the following section.
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Figure 5.8: Schematic illustration of the smearing of the elastic properties in AFM.

5.2 Numerical Characterization of the Interphase of Layered
Samples

To overcome the aforementioned difficulties, the previously introduced new approach
for the direct calculation of the local elastic properties from MD simulations (com-
pare section 2.2.1) is used to obtain the elastic properties of the BNP /epoxy in-
terphase. The framework presented in the following comprises two characteristic
features. Firstly, all simulations and hence the calculation of the local interphase
properties are performed on layered samples that consist of a boehmite region em-
bedded in two epoxy films, as shown in Fig. 5.9. The idea of layered samples has
been successfully used for the non-mechanical characterization of the interphase in
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Figure 5.9: Exemplary model containing four boehmite layers embedded in two
epoxy films.

the literature, as e.g. shown in [77-79]. Besides the geometrical simplification and
hence the simplification of the calculation of the local elastic properties, with this
approach, it is possible to get rid of particle size related effects. Secondly, and fun-
damentally, the approach presented in the following divides the simulation models
into subsections, which are in this particular case slices of the model perpendicular
to the boehmite layers. For each slice, the stress and strain tensor and ultimately
the elastic properties are calculated according to section 2.2.1. Depending on the
exact choice of the subsections (i.e. for instance the slice thickness), the effective
interphase properties or the stiffness gradient throughout the interphase is accessi-
ble.

5.2.1 Modeling and Simulation Aspects

Similar to the previously discussed AFM simulations, the generation of the layered
models is largely based on the previous chapters and sections. Thus, only the pecu-
liarities of the layered structures are presented here. The model size for the following
simulations is chosen to be 8.4 x 6.5 x 6.2 nm®. The in-plane dimensions (y- and
z-direction) are determined based on the crystalline structure, so that periodicity
is achieved. The thickness of the boehmite region is chosen in such a way that no
physical interactions between the two epoxy layers are present. This is fulfilled for
a thickness of 2.4 nm, which corresponds to four boehmite layers. The epoxy films
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must be thicker than the maximum interphase thickness, which is caused by the
presence of the boehmite layers. It is shown later that this assumption is fulfilled
for the chosen thickness of 3.3 nm. It should be noted that in this setup no specific
weight fraction is used. Since only the interphase properties are determined, and
not the NC properties, the weight fraction is irrelevant for the simulations.

All simulations are performed with a full-featured MD approach using LAMMPS
[103] in combination with the Dreiding force field [112], harmonic bond potentials
and Lennard-Jones-(12,6) potentials for the nonbonding interactions. With the
exceptions discussed in the following, all parameters are similar to the cross-linking
simulations of the pure epoxy from chapter 4. It was previously mentioned that the
simulations of the layered structures are performed employing an NPH ensemble
with a Nosé-Hoover barostat [113] and an additional Langevin thermostat [114]
instead of the Hoover NPT. The reason for this is illustrated in Fig. 5.10. Due to
the internal formulation of the Nosé-Hoover thermostat, the temperature is always
controlled globally for the whole simulation box. If, like in the present case, materials
of vastly different structures are combined in one model, this approach can lead
to unphysical temperature profiles, as can be seen in Fig. 5.10 (a). Using the
Hoover NPT, the crystalline boehmite region has a significantly higher temperature
than the specified 300 K, while the polymer region remains at 0 K. The Langevin
thermostat, in contrast, can be used to control the temperature in subsections of
the simulation model. Here, three regions are defined, which correspond to the
boehmite region and the two epoxy regions. Fig. 5.10 (b) shows, that with this
approach a reasonable temperature profile can be achieved. The peaks or lows
in both subfigures, that reach beyond the boundaries of the plot, correspond to
the inter-layer gaps between the boehmite sheets or between boehmite and the
adjacent epoxy region. In these regions, only a small number of atoms may be
used for the temperature calculation, which can lead to meaningless values. It
should furthermore be noted, that a Langevin thermostat does not produce an exact
physical ensemble, but can be assumed to produce comparable results to the Hoover
NPT for large enough systems. This has previously been proven for the bulk epoxy
simulations in section 4.4.5.

The layered structures are cross-linked with the dynamic approach presented in
section 4.3. Similar to the generation of the AFM models, the boehmite surface
hydroxyl groups are enabled to join the polymer cross-linking reaction, as described
in section 5.1.1. In the curing simulations, cross-links are formed, whenever reactive
sites come closer than a specified maximum reaction distance. By varying these
distances, the interfacial bonding can be changed. In the following, two cases are
simulated, whose chemical structures are shown in Fig. 5.11. The corresponding
maximum reaction distances, which are linearly increased throughout the simula-
tions, are presented in Tab. 5.1.
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Layer V1

Layer V2

Figure 5.11: Comparison of the molecular structures of the chemically unbonded
case (Layer V1) and the chemically bonded case (Layer V2).

Table 5.1: Maximum reaction distances and curing characteristics (r,: maximum reac-
tion distance, Indices: .s;: esterification, .¢: etherification, ,: esterification
or etherification of boehmite hydroxyl groups).

Model type Pure epoxy Layer V1 Layer V2
Test (A) 2.5 - 4.5 2.5-7.0 2.5-17.0
Tetn (A) 1.5-3.5 1.5-4.0 1.5 - 4.0
Tests (A) - - 6.5 - 11.5
Tetnp (A) - - 5.0 - 10.0
Degree of curing (%) 92 88 55

- - 49

Boehmite OH usage (%)
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The term degree of curing describes the percent usage of the methyl groups of the
monomers. As a reference, the degree of curing of the bulk epoxy simulation box
from chapter 4 is shown, which amounted to 92%. The assumptions of the two
bonding cases discussed here can be understood as extreme cases, which deliver an
upper and lower bound for the interfacial bonding and thus for the elastic inter-
phase properties. Case one, which will be denoted as Layer V1 from here on, has
no chemical bonds between the boehmite region and the surrounding epoxy. The
comparison to the bulk epoxy shows that slightly larger maximum reaction distances
have to be used to obtain a comparable degree of cross-linking. This is caused by
the reduced mobility of the monomers and curing agents due to the presence of the
boehmite layer. Case two, which will be denoted as Layer V2 in the following, has a
strong chemical interaction between the boehmite layer and the surrounding epoxy
regions. This expresses through considerably larger maximum reaction distances of
the boehmite surface hydroxyl groups. With the assumptions shown in Tab. 5.1,
approximately 49% of the surface hydroxyl groups of the boehmite have developed
covalent bonds to the epoxy, which is indicated by the term Boehmite OH usage
in Tab. 5.1. As a result, the degree of curing in the polymer region is significantly
reduced compared to Layer V1. A more detailed discussion of the characteristics of
the cured network structure in dependence on the interfacial bonding can be found
in section 5.2.2.

After the curing simulations, the generated systems are cooled down and equilibrated
for a period of 1.5 ns at a temperature of 300 K and a pressure of 1 atm. The uniaxial
tension is applied at a temperature of 300 K with a strain rate of 107 1/s and a
pressure of 1 atm in the transverse directions. For both the equilibration and the
loading, an NPH ensemble with and additional Langevin thermostat is used, as
explained before.

5.2.2 Characteristics of the Interphase Network Structure

In this section, the characteristics of the interphase network structure are discussed
in detail. Therefore, the variation of three characteristic variables over the interphase
thickness is analyzed, which are the mass density, the total cross-link density (i.e. the
total amount of cross-links per unit volume including cross-links between boehmite
and epoxy) and the amount of curing agents per unit volume. These profiles are
calculated by slicing the simulation box into 100 slices parallel to the boehmite sheets
(which corresponds to the x-direction). For each slice, the respective characteristic
variable is calculated and plotted against the x-coordinate of the corresponding slice.
Fig. 5.12 illustrates this procedure for 8 slices.

The gradients of the characteristic variables are shown in Fig. 5.13. The gray and
colored dashed lines indicate the phase boundaries of boehmite and the respective
interphase. The orange curves refer to the case Layer V1 (no chemical bonding
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Figure 5.12: Schematic illustration of the calculation of the characteristic variables
plotted in Fig. 5.13.

between the boehmite and the epoxy region) and the green curves to Layer V2
(covalent bonding between the layers). The shown boundaries are the result of the
network characteristics presented in this section. How the positions of the phase
boundaries were determined is explained at the end of this subsection.

The mass density profiles are shown in Fig. 5.13 (a). The boehmite region, bounded
by the gray dashed lines, can clearly be distinguished from the epoxy region. Even
the four layers, that the boehmite region consists of, are visible. With a value
of 2.79 g/cm?, the average boehmite density shows a good agreement with the
value of 2.84 g/cm?® reported in the literature [36]. In the epoxy region, the mass
density profile of Layer V1 shows the typical variation in the vicinity of boehmite,
which is due to the repulsion between the boehmite and the epoxy region caused
by the nonbonding interactions. This variation has been comprehensively reported
in the literature (e.g. in [73, 77]). Apart from that, a good agreement between the
mass density of the bulk polymer of Layer V1 and the pure epoxy polymer box is
visible. The average polymer density is 1.16 g/cm®, which is in good agreement
with experimental data reported in the literature (i.e. 1.15 - 1.2 g/cm® [106]). The
mass density profile of Layer V2, in contrast, reveals significant differences. The gap
between the polymer and the boehmite region caused by the repulsion is reduced.
This is a result of the considerable amount of cross-links between boehmite and
epoxy, as approximately half of the boehmite surface hydroxyl groups are chemically
bonded to epoxy monomers. Furthermore, the aforementioned variation of the mass
density is overlayed by a second effect. Caused by the covalent bonds between
boehmite and epoxy, a significant amount of curing agent molecules and monomers
is drawn to the boehmite surface, forming a high-density region in the vicinity of
the boehmite. This, in turn, causes a slight mass density reduction in the adjacent
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region towards the bulk material.

The cross-link density profiles are shown in Fig. 5.13 (b). In the boehmite region,
bounded by the gray dashed lines, the cross-link density is zero. In accordance with
the findings from the mass density profile, the epoxy regions of Layer V1 behave
similarly to the pure epoxy box except for the repulsion region close to the boehmite
surface. In other words, an undisturbed epoxy network can form in almost the whole
epoxy region. Again, the cross-link density profile of Layer V2 shows counsiderable
differences. A significant amount of cross-links is formed close to the boehmite
surface, which mainly connect reactive sites of boehmite and epoxy. This leads to
an adjacent region of very low cross-linked epoxy. Beyond x-values of approximately
15 and 69 A, the cross-link density reaches the bulk epoxy values and thus has a
comparable network structure.

The profiles of the density of curing agent molecules are shown in Fig. 5.13 (c).
Again, the repulsion between boehmite and epoxy is visible. The peaks in the Layer
V1 profile, located at x-values of approximately 28 and 56 A, seem to be dispropor-
tionally high and are thus assumed to not only originate from the repulsion. Instead,
this effect could be caused by the presence of the boehmite region, which forms a bar-
rier for the highly mobile curing agent and by the gap between boehmite and epoxy,
which provides an energetically favorable location for the agent molecules. In case
of the chemically bonded regions (Layer V2), caused by the cross-linking between
epoxy and boehmite, even more hardener molecules gather at the boehmite surface,
leading to a distinct depletion of curing agents in the adjacent epoxy region.

Concluding from the aforementioned, Layer V1 largely behaves like three separate
phases, except for the repulsion region. In contrast, Layer V2 deviates significantly
in all the three characteristic variables, leading to a considerably changed polymer
network in the vicinity of the boehmite region. Per definition, an interphase is a
region of changed material caused by the presence of a second phase. For Layer
V1, the interphase is determined by the repulsion of epoxy close to the boehmite
surface, as can be seen in the mass density profile. This is in accordance with
existing literature (e.g. [73, 77]) and the results from section 5.1.2, leading to an
interphase thickness of approximately 5 A (as indicated by the dashed orange lines in
Fig. 5.13). Layer V2, however, shows that this is only valid as long as no chemical
bonding between the phases is present. If the phases are covalently bonded, the
interphase region may rather be defined by the altered polymer network, leading to
a larger interphase thickness of approximately 15 A, as indicated by the dashed green
lines in Fig. 5.13. The changed polymer network is generally in accordance with the
findings from section 5.1.2. However, the interphase thickness was reported to have
a thickness of 8 A in section 5.1.2. The differences can be attributed to two effects.
Firstly, in the layered structures, a much higher amount of bonded boehmite surface
hydroxyl groups of 50% (compared to the maximum of 25% in the AFM models) was
assumed, which is expected to have a bigger impact on the interphase network and
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to result in a larger interphase. Secondly, the usage of a real MD approach including
temperature can lead to a better equilibration and hence to a more realistic network
structure.

A validation of these results with experimental studies is challenging since a direct
characterization of the local network structure or density in the interphase region has
not been established so far. However, there are some studies, that seem to support
the findings presented above. Stafford et al. [126] and Torres et al. [127] performed
AFM experiments on layered polymethylmethacrylate (PMMA)/polydimethyl-siloxane
samples with varying PMMA film thickness. The results were fitted with a micro-
mechanical model, resulting in an interphase thickness of 2 nm and 3.5 nm, re-
spectively. In another article, Ciprari et al. [128] measured the interphase thick-
ness employing thermogravimetric analysis. The resulting interphase thickness of
PMMA and polystyrene with different fillers was reported to fall within the range
of 4 - 10 nm. It should not remain unmentioned that other studies report larger
interphases. Ghasem Zadeh Khorasani et al. [129], for instance, performed InAFM
experiments and reported an interphase thickness of 50 nm for boehmite epoxy
NCs. Generally, the transferability of the experimental and numerical results is
questionable, since the simulations imply an idealized structure, which can be used
to investigate the interphase separated from other effects, that may be present in the
experiments, such as a possibly particle size dependency or agglomeration. In turn,
the idealized models may lack some important effects, like a possible segregation of
the constituents of the polymer at the phase boundary.

5.2.3 Elastic Properties of the Interphase

After the discussion of the network characteristics, the influence of the interfacial
bonding between boehmite and the surrounding epoxy on the elastic interphase
properties is addressed in this section. Therefore, the layered models are subjected
to an in-plane tensile load. A loading perpendicular to the layers is neglected since
it results in comparatively large inter-layer deformations between boehmite and
epoxy and between the boehmite layers. This makes a correlation between the
findings concerning the network characteristics and the results of the mechanical
loading increasingly difficult. To compensate this, the number of simulation models
is increased to ten randomly generated models per case (i.e. Layer V1 and Layer
V2). After loading, the local approach from section 2.2.1 is used to calculate the
local elastic properties of the interphase. Two different cases are considered in
the following. Firstly, similar to the previously explained network characteristics,
the models are divided into 100 slices parallel to the boehmite sheets (compare
Fig. 5.12). This allows for the calculation of the stiffness gradient throughout the
interphase. Secondly, the models are divided only into five slices, which correspond
to the boehmite region, the two bulk epoxy regions and the two interphase regions.
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With this approach, the effective interphase properties can be determined as an
input for the microscale simulations presented in the following chapter.

Fig. 5.14 plots the Young’s modulus profiles calculated with the local approach
dividing the models in 100 slices. The dashed lines in Fig. 5.14 are inherited from
section 5.2.2, where the gray dashed lines indicated the boehmite boundaries and
the colored dashed lines showed the boundaries of the respective interphase. The
black dashed line in Fig. 5.14 marks the Young’s modulus of the pure epoxy, as
calculated in section 4.4.1.
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Figure 5.14: Young’s modulus profile for the two different bonding cases Layer V1
(no chemical bonding) and Layer V2 (strong chemical bonding).

The boehmite and epoxy regions can clearly be distinguished in the profiles shown in
Fig. 5.14, as at the gray dashed lines the stiffness drastically increases. Even the four
boehmite layers and the interlayer gaps can be identified. The boehmite stiffness
is not calculated here since the assumption of an isotropic material is not valid for
the layered crystalline structure of boehmite. The assumption of an orthotropic
behavior, in turn, requires the simulation of more load states (e.g. shear loading),
to be able to calculate the nine independent material parameters.

The regions of interest, the interphase regions, are located between the gray dashed
lines and the respectively colored dashed lines in Fig. 5.14. The orange curve
represents the chemically unbonded case (Layer V1) and the green curve the case
with covalent bonds between boehmite and epoxy (Layer V2). Layer V1 exhibits no
significant deviations from the pure epoxy, as the stiffness is almost constant in the
range of the bulk epoxy stiffness. This mirrors the findings of the characteristics of
the network structure presented in section 5.2.2, where no considerable alteration of
the Layer V1 interphase network was observed. Layer V2 shows distinct deviations
from the bulk epoxy stiffness in the regions close to the boehmite surface highlighted
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by the blue boxes. These regions are characterized by an increased mass density, an
accumulation of curing agent molecules and a high inter-layer cross-linking. The so
changed network leads to a significantly increased Young’s modulus in this region
compared to Layer V1. The regions highlighted by the red boxes, in turn, have a
slightly reduced mass density and a much lower cross-link density. Thus, a reduction
of the Young’s modulus is expected. However, the results calculated for the 100 thin
slices are not sensitive enough, to clearly reveal such effects.

The shown stiffness gradients provide an insight into the influence of the changed
network structure on the local elastic properties of the NC interphase. However,
due to the low thickness of the slices and the rather low number of simulations, the
stresses and strains are averaged over a low number of atoms, which can result in
comparatively large stiffness fluctuations or sometimes even unphysical behavior.
To overcome this and to provide input for the FE models on the next higher scale,
the effective interphase properties are calculated. Therefore, instead of 100 slices,
the models are subdivided into five slices, that correspond to the boehmite region
(bounded by the gray dashed lines in Fig. 5.14), the two interphase regions (between
the gray and the respective colored dashed lines) and the two bulk epoxy regions
(outside of the colored dashed lines). For each of these five regions, the stresses,
strains and the elastic properties are calculated using the local approach. The results
are shown in Tab. 5.2.

Table 5.2: Effective elastic properties of polymer matrix and the interphase for
the two different bonding cases Layer V1 and Layer V2: Young’s
modulus E, Shear modulus G and Poisson’s ratio v.

Layer V1 Layer V2
Bulk epoxy  Interphase Bulk epoxy Interphase
E (MPa) 5998 + 170 4961 £+ 350 | 6083 £ 293 22818 £ 159
G (MPa) 2247 + 38 1904 £ 57 2305 £+ 87 8643 + 67
v (-) 0.334 0.303 0.320 0.320

The resulting bulk epoxy properties are in good agreement with the ones calculated
for the pure epoxy simulation box from section 4.4.1. The interphase of Layer V1
has a slightly reduced stiffness, which is caused by the weak physical interaction
between boehmite and epoxy. The resulting interphase stiffness is approximately 5
GPa, which corresponds to a reduction of 17% compared to the bulk epoxy. The
interphase of Layer V2, in contrast, has a significantly increased stiffness, caused by
the strong chemical bonding between boehmite and epoxy. This leads to a Young’s
modulus of approximately 22.8 GPa, which is nearly four times the bulk epoxy
stiffness. The overall increase of the interphase stiffness for Layer V2 indicates that
the influence of the high-density region with a high density of inter-layer cross-links
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(blue region in Fig. 5.14) dominates the effects related to curing agent depletion and
reduced cross-linking (red region in Fig. 5.14). The shear moduli of the interphases
result in values of 1904 and 8643 MPa, which is a reduction of 15% and an increase
of 275% for Layer V1 and Layer V2, respectively. The poisons ratios are calculated
using the relation v = F/2G — 1, leading to values of 0.303 and 0.320. There is no
standard deviation given for the Poisson’s ratios since they are calculated from the
average Young’s modulus and the average shear modulus.

It should again be mentioned that a validation using experiments is challenging. To
the best knowledge of the author, there is no direct experimental measurement of the
elastic interphase properties available in the literature. Studies, which apply indirect
methods, such as the ones discussed in the previous section [126-128], typically
report interphase stiffnesses below the bulk polymer modulus. This is in agreement
with the results of the AFM simulations presented in section 5.1 and also with the
results of the Layer V1 case discussed above. The results presented in the named
articles, however, were obtained by fitting micro-mechanical models to AFM results.
Thus, and because of the restrictions of the AFM itself (i.e. e.g. the overlap between
the particle phase and the AFM tip and the smearing of the material behavior due
to the large probe volume), it is questionable if the experiments would be able to
measure the small region of increased stiffness, which was found for the chemically
bonded case discussed above. Of course, as mentioned before, Layer V2 represents
an extreme case and thus the increased interphase stiffness does as well.

5.3 Conclusions

In this chapter, two approaches for the characterization of the boehmite/epoxy
interphase were presented and discussed. The ultimate goal was to gain an insight
into the influence of the interfacial bonding between the crystalline filler and the
polymer on the elastic interphase properties.

The investigation of the network characteristics of the different bonding cases ex-
poses the nature and also the size of the interphase region. Thereby, a good corre-
lation between the findings on a particulate AFM model and the layered samples
is observed. In both cases, if the boehmite and epoxy regions are chemically un-
bonded, an undisturbed epoxy network can form almost until the phase boundary.
The interphase is then mainly characterized by a changed density profile due to the
repulsion caused by the physical interactions between boehmite and epoxy. In the
chemically bonded cases, the interphase is not only defined by a changed polymer
density, but also by an alteration of the network structure. Thus, it seems reason-
able to check the curing characteristics, such as the cross-link density, in addition to
the mass density, to define the spatial extent of the interphase. With a thickness of
8 A for the particulate sample, the interphase was found to be of similar thickness
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in the chemically unbonded and strongly bonded (i.e. 25% of the boehmite surface
hydroxyl groups being bonded to the epoxy) case. The chemically unbonded lay-
ered models (Layer V1) show a reasonable agreement with the AFM samples and
result in an interphase thickness of 5 A. For Layer V2 (50% of the boehmite surface
hydroxyl groups being bonded to the epoxy), in contrast, the interphase thickness
amounted to 15 A. The differences can be attributed to the higher amount of inter-
facial cross-links and the more realistic equilibration obtained with the full-featured
MD approach used for the layered structures.

The interphase stiffness profiles calculated from the AFM simulations show a max-
imum reduction of the Young’s modulus of 30 to 50% compared to the bulk epoxy.
Furthermore, from the stiffness gradient, an interphase thickness of 38 A was calcu-
lated for the medium bonding case. The case with strong chemical bonding showed
an even larger interphase, which could not be quantified, because the simulation
models were too small. These values conflict with the findings concerning the net-
work characteristics, where independently of the interfacial bonding an interphase
thickness of only 5 A was observed. Since the curing characteristics are compatible
with the ones of the layered structures, the reason for this behavior is presumably the
smearing of the material behavior caused by the large probe volume. Besides that, a
disadvantage of the AFM simulations is the inevitable measurement of mixed mod-
uli close to the BNP, which prevents a proper calculation of the interphase Young’s
modulus. To solve these problems, the BNP /epoxy interphase was investigated us-
ing the new approach for the direct calculation of the local elastic properties from
MD simulations. For the chemically unbonded case, a reduction of the effective
interphase stiffness compared to the bulk epoxy stiffness of 17% was obtained. The
extreme case of enabled chemical bonding resulted in an increase of the interphase
stiffness of 275% compared to the bulk epoxy. Thus, the small region of signifi-
cantly increased stiffness close to the particle surface found in the stiffness profiles
dominates the effective interphase stiffness. Due to the overlap of AFM tip and
particle, the AFM simulations are not able to extract the properties in this region
and hence predict inaccurate effective interphase stiffnesses. The downside of the
layered models is that they are not sensitive enough to clearly reveal the expected
region of reduced stiffness, which is observed in the AFM simulations. Still, this
region is included in the calculation of the effective Young’s moduli. If the stiffness
gradient is needed, the sensitivity could be improved by increasing the number of
random models used in the underlying MD simulations.

An important extension of the work presented in this chapter is a comprehensive
investigation of the influence of agglomeration on the formation of the interphase. In
the scope of this thesis, a possible influence is neglected and the effective interphase
properties are assumed to be independent of the state of agglomeration. Hence, in
chapter 6, the main mechanism is the reduction of the interphase volume caused
by the closely located primary particles inside of the agglomerates. The validity of
this assumption is unproven. It is imaginable that epoxy, which is trapped between
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boehmite particles, develops a different interphase than epoxy on the outside. This
effect could be considered by simulating UCs consisting of agglomerated particles
embedded in the polymer. This, however, seems unfeasible with MD simulations,
since the numerical effort would exceed the available resources. Coarse-graining
methods can help to establish such simulations. Nevertheless, the extraction of the
local elastic properties from such models is complicated because of the complex
geometry. As an alternative approach, again layered structures can be used, which
consist of an epoxy film embedded in two boehmite regions, as shown in Fig. 5.15.
With this approach, the situation inside of an agglomerate can be mimicked and
varying epoxy film thicknesses can be used to calculate the interphase properties
depending on the interparticulate distance.

Figure 5.15: Layered model for the investigation of the interphase formation inside
of agglomerates: Epoxy film surrounded by two boehmite layers.

All the findings presented in this chapter strongly depend on the assumptions made
in the model generation process and, specifically on an adequate modeling of the
chemical structure of the interphase. Because of the lack of possibilities for exper-
imental validation, it remains unclear how representative the used models and the
underlying assumptions are. Further scientific work should aim at establishing di-
rect validation possibilities, both from the numerical and experimental perspective.
Other extensions of the presented methods are the implementation of coarse-grained
force fields, which would allow for the simulations of larger time and length scales
and hence more realistic systems. Furthermore, a proper consideration of the effects
discussed for the bulk epoxy in chapter 4, such as strain rate effects or effects related
to the choice of the force field, should be striven for.
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With the findings from the previous chapters, the transition from the atomistic level
to the continuum based microscale is accomplished. In this chapter, the FE models
are constructed based on the elastic properties of the constituents and geometrical
aspects, such as the interphase thickness or the cumulative distribution function of
the primary particle distances. The ultimate goal is to investigate the influence of
three major effects, which are the elastic interphase properties, the agglomerate size
and size distribution and the question of whether the agglomerates are filled with
polymer or not.

Three levels of detail are considered in this chapter, which are shown in Fig. 6.1.
The first case, illustrated in Fig. 6.1 (a), are RVEs consisting of homogeneously
distributed BNPs embedded in the epoxy matrix. These models are intended to
provide an insight into the influence of the elastic interphase properties on the
NC behavior separated from agglomeration effects. Additionally, they are used to
calibrate the FEM simulations, e.g. regarding the choice of the boundary conditions.
The findings of these RVEs are then transferred to the agglomerate UCs, which
represent the second case, as shown in Fig. 6.1 (b). With these models, the influence
of the reduction of the interphase volume due to agglomeration and the question
of whether agglomerates are filled with polymer or not are addressed. The last
case, illustrated in Fig. 6.1 (c), are agglomerate RVEs. These models contain a

(a) (b) (c)

Figure 6.1: Exemplary FE model of (a) an RVE of homogeneously distributed BNPs
in epoxy matrix, (b) an agglomerate UC and (c) an agglomerate RVE.

107



108 6 Microscale

representative number of agglomerates according to the experimental agglomerate
size distribution and utilize the elastic properties obtained from the agglomerate
UCs. Ultimately, they allow for a comparison of the simulated NC properties to the
experiments.

6.1 Experimental Characterization of the Boehmite/Epoxy
Nanocomposite

Within the FOR2021 project, the mechanical behavior of the boehmite/epoxy NC
was comprehensively characterized by macroscopic experiments. In [95], the elastic
properties were studied depending on the surface modification and thus, presumably,
also depending on the interfacial bonding. In particular, two cases were investigated,
which are unmodified and acetic acid modified BNPs. Thereby, the unmodified case
is assumed to chemically react with the polymer, whereas the acetic acid presumably
shields the BNPs from the epoxy and prevents chemical interactions. The key
results of this study are presented in Fig. 6.2 (a). Both modifications lead to an
almost linear increase of the Young’s modulus with increasing weight fraction of the
BNPs. The overall difference between the two surface modifications is small, with a
maximum deviation of 6% for the maximum BNP weight fraction of 15%. However,
the trend of the acetic acid modification leading to a higher stiffness compared to
the unmodified BNPs is surprising. It could be interpreted in such a way that
the acetic acid leads to an undisturbed polymer network with a higher stiffness in
the vicinity of the boehmite surface and thus to a higher overall Young’s modulus.
This, however, is in contradiction to the findings from chapter 5, where the effective
interphase stiffness was found to be significantly increased when chemical bonding
between the particle and the polymer is present. The exact reason for the higher
Young’s modulus in case of the acetic acid modification remains unclear. It can
be speculated that the assumed weakening or prevention of chemical interactions
by the acetic acid is incorrect. Preliminary AFM results seem to substantiate this
hypothesis [130].

Furthermore, the Young’s modulus of the unmodified BNP NC was investigated
in dependence on the mean agglomerate size, as reported in [131] and shown in
Fig. 6.2 (b). In this article, three different average agglomerate sizes of 138, 224
and 354 nm were investigated. With a maximum difference of 71 MPa between
the smallest and the largest agglomerate size, which is a percentage of 1.8%, the
resulting influence on the Young’s modulus is small. Still, from the three available
data points, a declining trend can be observed. The comparison to the Young’s
modulus of the average agglomerate size of 105 nm from [95], however, does not fit
in this trend. Presumably, the samples are from different batches, which is why a
direct comparison could be misleading.
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Figure 6.2: Experimental studies of (a) the Young’s modulus in dependence on the
surface modification and the particle weight fraction at a mean agglomer-
ate size of 105 nm from [95] and (b) the Young’s modulus in dependence
on the mean agglomerate size at a weight fraction of 10% from [95, 131].

Agglomerates typically do not have an exact spherical shape. From a numerical
perspective it is unclear how the agglomerate size can be objectively calculated.
Furthermore, from the authors’ point of view, the important parameter is the num-
ber of primary particles per agglomerate rather than the agglomerate size itself. To
relate the experimental results to the numerical results, the number of primary par-
ticles per agglomerate has to be correlated to the agglomerate size. Here, a closest
sphere packing and spherical primary particles and agglomerates are assumed. Since
the experimentally observed influence of the agglomerate size on the elastic prop-
erties is small, these assumptions should have a minor influence on the comparison
between experiment and simulation. With the above assumptions, the number of
primary particles per agglomerate can be calculated as

d3
Npp A 0.74°299 (6.1)

3
dPP

Thereby, dogg and dp, are the agglomerate diameter and the primary particle di-
ameter, respectively and 0.74 is a factor to describe the fraction of the agglomerate
volume that is occupied by particles in the closest sphere packing. The estimated
numbers of primary particles per agglomerate are shown in Tab. 6.1.
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Table 6.1: Estimated number of primary particles per agglomerate in
dependence on the agglomerate size.

Agglomerate diameter (nm) Estimated number of
primary particles
105 312
138 709
224 3031
354 11963

6.2 Homogeneously Distributed Primary Particle RVEs

In this section, the modeling, calibration and simulation results of the RVEs con-
taining homogeneously distributed primary particles are presented. In the following,
these models are denoted as “homogeneous RVEs”.

6.2.1 Modeling and Simulation Aspects

The primary particles, whose shape is chosen based on information from the manu-
facturer [111] and experimentally confirmed through X-ray diffraction measurements
[109], are known from the previous chapters and modeled with the reduced primary
particle size of 3 nm. The interphases are assumed to have the same but accordingly
enlarged shape as the particles. The thickness is chosen based on the findings from
chapter 5 with values of 0.5 nm for the chemically unbonded and 1.5 nm for the
bonded case.

The fundamental idea of the generation of the homogeneous RVEs is a hardcore
algorithm, which has been implemented into Abaqus. These algorithms are typi-
cally used for the generation of random models with a rather low volume or weight
fractions. The particles are randomly placed into the simulation box with random
orientation and checked for intersection with already placed particles. If an inter-
section is detected, the particle is removed and placed at another random position,
until no intersection occurs anymore. In contrast to the particles, the interphases
may intersect. In other words, particles can be placed closer to each other than twice
the interphase thickness. The whole geometry is periodic, meaning that particles
and interphases that protrude beyond the box boundaries reappear on the opposing
boundary, as can be seen in Fig. 6.1 (a).

One purpose of the homogeneous RVEs is to investigate if periodic boundary condi-
tions are necessary for the microscale simulations. Thus, a periodic mesh is required.
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Even though the outer surfaces are symmetric, this can be challenging because of the
non-symmetric inner structure of the microscale models. The process is complicated
by the lack of periodic mesh constraints in the Abaqus meshing tool. Furthermore,
copying the surface mesh from one surface to the opposing surface could not be
satisfactorily established in an automated way. Thus, the models are exported and
meshed in Gmsh [132], an open-source tool that provides the necessary features to
generate periodic meshes,; and re-imported into Abaqus.

The FE simulations presented in the following are performed with the commercially
available Abaqus solver. All materials are modeled as linear and isotropic, employing
the elastic material model, which is available in Abaqus. A summary of the elastic
properties applied, which were obtained in the previous chapters, is presented in
Tab. 6.2. Due to the geometrical complexity, the models are meshed with quadratic
tetrahedral elements (C3D10). Since a linear material is used, the simulation results
are assumed to show a minor dependence on the chosen element size, especially for
quadratic elements. This assumption is checked in the following section, where the
element size for further simulations is presented. In addition, PBCs and DBCs are
compared to detect if PBCs are necessary for the microscale simulations.

Table 6.2: Summary of the elastic properties applied to the simulation of the mi-
croscale RVEs.

Young’s modulus Poisson’s ratio
(GPa) )
Boehmite 212 0.22
Bulk epoxy 6.04 0.33
Interphase V1 (no chemical boning) 4.96 0.30
Interphase V2 (chemical bonding) 22.82 0.32

6.2.2 Simulation Results

The elastic properties of the microscale models are calculated using the homogeniza-
tion approach presented in section 2.2.2. For this, the models are subjected to tensile
and shear loads in all spatial directions. Before the ultimate results are presented,
the influence of the BCs, the mesh size and the homogenization approach applied
is addressed. This calibration is performed on a model consisting of 5 randomly
distributed BNPs (comparable to Fig. 6.1 (a)) without interphases. Subsequently,
the representativeness of the generated RVEs is investigated, before the influence
of the elastic interphase properties, the particle weight fraction and the primary
particle size is discussed.
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Mesh Size Dependency

As stated before, because of the linear material applied, the results are assumed to
show a minor mesh size dependency. Nevertheless, two significantly different meshes
are generated and simulated in the following. The reference case has a relatively
fine mesh with a maximum element edge length of 1 nm and approximately 25000
second-order tetrahedral elements. The other case has a considerably coarser mesh
with a maximum element size of 5 nm and around 5000 elements. The meshes of
both models are compared in Fig. 6.3.

Figure 6.3: Comparison of the two mesh sizes used in this section: (a) fine mesh
with an element size ] < 1 nm and 25000 elements and (b) coarse mesh
with an element size I <5 nm and 5000 elements.

The resulting stiffness matrices calculated using periodic boundary conditions are
presented in Eq. (6.2) for the reference case (fine mesh) and in Eq. (6.3) for the
coarse case.

9757.75 4776.96 4761.20 —10.34 —6.45 6.14

4776.97 9756.53 4770.23 1.15  —5.96 3.01
c 476119 4770.20 9809.46 1.42 10.10 —16.31 6.2)
PBC.fine = | _10.29 1.20 1.47 2494.51 3.77 —6.59 .

—6.45 —5.97 10.09 3.77 248847 —0.84
6.14 3.01 -16.31 —6.59 —0.84 2497.02
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9789.71 4778.07 4761.36 —11.80  —8.19 6.43

4778.08 9790.26 4772.86 1.39 —6.92 3.37

c 476133 4772.82 9852.30 2.37 10.39 —17.60
PBCcoarse = | _ 11 79 1.46 2.43 2511.21 416  —7.67
-8.19  —6.92 10.39 4.16 2504.23  —0.38

6.42 3.37 —17.61 —7.67 —0.38 2514.01

(6.3)

The results confirm that the simulations are not very sensitive to the mesh size.
Despite the much larger element size and the considerably lower number of elements,
the stiffness matrices show only small differences. The maximum deviation of the
normal components amounts to 0.68%, which is sufficiently small to accept the
coarser mesh for all further simulations.

Choice of the Boundary Conditions

In section 2.2.2, different boundary conditions were discussed. Typically, the litera-
ture reports the most realistic prediction of the elastic properties using PBCs. How-
ever, for complex heterogeneous microstructures, PBCs can be difficult to realize,
as, besides a periodic inner structure, a periodic mesh is desirable!. Furthermore,
depending on the application (i.e. the compositions of the microstructure, the ma-
terial of the constituent phases, etc.), the Voigt and Reuss bounds may be close to
each other, making PBCs expendable [133]. Thus, in the following, the example
model from the previous section is subjected to DBCs to investigate the necessity of
PBCs in the scope of this thesis. The stiffness matrix for PBCs was already shown
in Eq. (6.2). The resulting stiffness matrix for DBCs using the reference mesh is
plotted in Eq. (6.4).

10881.67  4882.61  4898.84 —7.99 3.44 —4.76
4882.61 11247.21  4954.22 25.44 —10.28 —8.20
4898.84  4954.22 11862.09 6.95 —15.50 —23.79

Copo = —7.99 25.44 6.95 3156.95 —4.56 —14.82 (6.4)
3.44 —1028 —1550 —4.56 3121.07 1.40
—4.76 —8.20 —23.79 —14.82 1.40 3250.36

By comparing the matrices shown, considerable differences are evident. The maxi-
mum deviation of the normal components amounts to 17%, which is why DBCs are

LA periodic mesh is not obligatory since for non-periodic meshes the displacement fields can be
interpolated. This, however, is highly complex in practical application and thus not further
considered here
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considered to be not accurate enough. Hence, PBCs are used for the homogenization
from the micro- to macroscale for the rest of this thesis.

Choice of the Homogenization Method

As explained in section 2.2.2, the homogenized stress and strain of the microscale
models are typically calculated as the volume average of the element stresses and
strains (see Eq. (2.17)). Due to the presence of the RFAs in the agglomerate UCs in
section 6.3.2, this approach cannot be used for these models. The RFAs represent air
inside of the agglomerates and thus not a solid material. Hence, they are not meshed
and stress and strain cannot be volume averaged for the whole model properly. It
was shown in section 2.2.2 that the homogenized stress and strain can alternatively
be expressed through the reaction forces acting on the box boundaries and the box
deformation (see Eq. 2.18 and Eq. 2.19). This equivalence is shown in a practical
application for the homogeneous RVEs in the following. Eq. (6.5) shows the stiffness
matrix calculated using the alternative approach.

9757.72 4776.94 4761.18 —10.34  —6.45 6.14

4776.94 9756.49 4770.20 1.15  —5.96 3.01

c 1476118 4770.20  9809.46 1.42 10.10 —16.31
PBCRE = 1 1034 1.14 1.42  2494.51 3.77  —6.59
—6.45  —5.96 10.10 3.77 2488.47  —0.84

6.14 3.001 -16.31 —6.59  —0.84 2497.02

(6.5)

The above stiffness matrix shows an outstanding agreement with the reference stiff-
ness matrix (see Eq. (6.2)), which was calculated with the volume averaging ap-
proach. Thus, using the alternative approach is feasible for the calculation of the
elastic properties of the agglomerate UCs in section 6.3.2.

Representativeness of the RVEs

The normal elements of the reference stiffness matrix from Eq. (6.2) have a maxi-
mum deviation of 0.64%. Thus, from here on, the material is assumed to be isotropic
and the elastic constants are calculated as follows. Firstly, the Lamé constants are
obtained by averaging the normal and shear components of the stiffness matrix
according to

= Ci212 + Ci313 4+ Ca3z23

: (6.6)
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and
_ Ci111 + Ca222 + Caaas

A —24. 6.7
3 I (6.7)
Therewith, the Young’s modulus can be calculated as
P(3A +2p)
E=—— 6.8
Nt (6.8)
and the Poisson’s ratio is obtained from the relation
A
V= ——. 6.9
2N+ ) (6:9)

To receive meaningful elastic properties, it is important to check whether the ap-
plied VEs are representative of the real material. An RVE counsists of a sufficiently
large number of primary particles, to represent a statistically homogeneous particle
distribution. To ensure this, VEs containing three, five and ten primary particles
are simulated. The results are plotted in Fig. 6.4 (a). For each case, a statistically
representative number of random realizations was investigated to ensure converged
results, as exemplarily shown in Fig. 6.4 (b) for the RVEs containing ten primary
particles. As can be seen in Fig. 6.4 (a), already for five primary particles, a reason-
ably converged Young’s modulus is observed, as the difference from the ten particle
case is only 0.29%. Since all of the presented cases require a rather low numerical
effort, for the study shown in the following subsection, the RVEs containing ten
primary particles are used. The advantage of this case is that already for 20 random
realizations, the Young’s modulus is sufficiently converged (see 6.4 (b)). For the five
primary particle RVEs, with 60, approximately three times as many random real-
izations are necessary. In conclusion, for the following study 20 random realizations
of the RVEs containing ten primary particles are used.

Elastic Properties of the Homogeneous RVEs

With the calibrated homogeneous RVEs, the dependence of the elastic properties on
three main parameters is investigated, which are the elastic interphase properties,
the particle weight fraction and the primary particle size. The simulation results
are plotted in Fig. 6.5.

Fig. 6.5 (a) shows the influence of the interfacial bonding and the BNP weight
fraction on the Young’s modulus for the reduced primary particle size of 3 nm. In
both interphase cases, an approximately linear relation is observed. For a low weight
fraction of 1%, both cases are close to each other in the range of the bulk epoxy
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Figure 6.4: Numerical results of (a) the dependence of the Young’s modulus on the
number of primary particles per RVE and (b) the convergence behavior
of the standard deviation for the RVE containing five and ten primary
particles.

stiffness. With increasing weight fraction, the chemically bonded interphase (Layer
V2) can unfold its potential and the gap between the two interphase cases increases.
For the largest investigated weight fraction of 10%, the chemically bonded case is
more than 70% stiffer than the unbonded case (Layer V1).

The influence of the interfacial bonding in combination with the primary particle
size is shown in Fig. 6.5 (b) for a constant BNP weight fraction of 10%. The chemi-
cally bonded case (Layer V2) can be regarded as a demonstration of the nano-effect
discussed in the introduction and illustrated in Fig. 1.2. With decreasing primary
particle size, the specific surface area and thus the interphase volume increases.
Hence, the high elastic properties of the interphase gain in influence and the effec-
tive NC properties increase. Though the influence is barely visible, the chemically
unbonded case (Layer V1) shows exactly the opposite trend, as the effective Young’s
modulus of the NC slightly increases with increasing primary particle size. Simi-
larly to the bonded case, for larger primary particles the interphase volume decreases
and so does the influence of the interphase properties, which are lower than the bulk
epoxy properties.

Generally, whenever a homogeneous primary particle distribution is present, a high
BNP weight fraction, small primary particles and a chemical bonding between the
particles and the polymer are beneficial for the elastic NC properties. As stated ear-
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Figure 6.5: Young’s modulus of the homogeneous RVEs (a) depending on the BNP
weight fraction for a constant primary particle size of 3 nm and (b)
depending on the primary particle size for a constant weight fraction of
10%.

lier, the investigated interphase cases represent extreme cases, so the shown curves
provide upper and lower limits for the possible elastic NC properties. For a BNP
weight fraction of 10%, the potential of the homogeneous primary particle distri-
bution, and hence the NC, is estimated with an increase of the Young’s modulus
of approximately 80% compared to the unfilled epoxy. It should be noted that the
extrapolation of the shown results to higher BNP weight fractions is prone to er-
rors, since additional effects may become relevant. For instance, for higher weight
fractions, the probability of particles that are located close to each other increases.
This can reduce the amount of interphase volume or even unexpectedly influence
the network formation of the polymer.

6.3 Agglomerate UCs

6.3.1 Modeling and Simulation Aspects

The generation of the agglomerate UCs is more complex than the one of the homo-
geneous RVEs. As stated in the introduction, the modeling of agglomerates is only
rarely discussed in the literature. The only approach, which is specifically designed
for agglomerates, was published by Pontefisso et al. [87]. This article presents a quite



118 6 Microscale

complex and expensive algorithm for the generation of densely packed agglomerates.
Of course, other literature about the generation of fiber-matrix RVEs with high vol-
ume fractions, such as the studies of Wongsto and Li [134] and Melro et al. [135], can
be adapted to the generation of agglomerates. Here, a simpler hardcore algorithm is
introduced, which is schematically illustrated in Fig. 6.6 (a) and as a flow chart in
Fig. 6.6 (b). The first particle is always placed in the middle of the simulation box
with a random orientation. To place the next particle, a sphere around the center
of mass (CM) of the first particle is introduced. The algorithm tries to randomly
rotate and place the second particle so that its center of mass (CM;) is inside of
the sphere. The particle can only be placed, if there is no intersection with the
already existing particle. Otherwise, the new particle is removed and the process is
repeated until the particle can be placed or a maximum number of iterations, 7qq,
is reached. If the particle could not be placed in 7,4, iterations, the radius r of
the sphere is gradually increased by Ar, until it is possible to add the particle to
the system. After placing the particle, the agglomerate is shifted, so that the center
of mass of the agglomerate coincides with the center of the simulation box. Then,
the whole process is repeated, until the desired number of primary particles imqq is
reached.

The challenge of such an algorithm is to achieve a realistic distribution of the primary
particles within the agglomerates. Since no experimental data concerning the inner
structure of the agglomerates is available, a verification with the results from section
3.3.4 is striven for. There, the cumulative distribution function of the equilibrium
distances of two neighboring particles was investigated employing MD simulations.
The goal for the agglomerate generation is a good agreement between this proba-
bility distribution and the cumulative nearest neighbor distribution resulting from
the agglomerate generator. To achieve this, the parameters of the algorithm pre-
sented above, mainly the number of tries for placing a particle while keeping the
sphere radius constant, nma., and the incremental increase of the sphere radius,
Ar, are adjusted. Fig. 6.7 shows the comparison of the cumulative distribution
function from section 3.3.4 (blue) and the ones from the agglomerate generator for
two selected cases with different parameters (green and orange).

Fig. 6.7 shows that the algorithm needs a proper calibration to produce the correct
particle distribution. As the comparison of the blue and green curves shows, with the
wrong parameters, there is a large discrepancy between the cumulative distribution
function from the MD simulations and the one produced with the agglomeration
algorithm. However, the orange curve shows that it is possible to calibrate the algo-
rithm so that a good agreement between MD and FEM is achieved. The parameters,
with which the orange cumulative distribution function was produced, are nyq,=12
and Ar=0.12%r.

After placing the particles, there are two possibilities for the further model genera-
tion, which are invoked depending on whether the model shall contain RFAs or not.
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Figure 6.6: Agglomerate generation: (a) schematic illustration and (b) flow chart.
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Figure 6.7: Comparison of the cumulative distribution functions of the equilibrium
distances from the MD simulations from chapter 3 and the FEM model
generation.

If no RFAs are present, the remaining model generation is similar to the homoge-
neous RVEs. In this case, the interparticulate interactions within the agglomerates
play a minor role, but the interaction with the polymer dominates. After placing
the particles, the interphases are generated. Of course, the interphases will overlap,
which is the main difference to the homogeneous RVEs and the effect of interest in
these models. The resulting reduction of the overall interphase volume leads to a de-
pendence of the elastic properties of the agglomerate UC on the number of primary
particles. If no RFA is present, the elastic properties applied for all constituents are
similar to the homogeneous RVEs, as presented in Tab. 6.2.

In case an RFA area is present, a DEM-like approach is introduced to describe the
interparticulate interactions inside the agglomerates. Therefore, the particles are
cut out of the simulation box and a reference point is introduced for each primary
particle. If the respective particle is in the outer region of the agglomerate and has
an interface to the polymer, the reference point is coupled to the polymer through a
kinematic coupling. Additionally, spring elements, whose behavior is modeled with
the force-displacement curves from section 3.3, are introduced between each pair of
particles or, to be precise, between each pair of reference points representing the
particles. By replacing each particle with a reference point, the particles are treated
as rigid bodies. This simplification is justified, since on the one hand the defor-
mation of the particles is included in the force-displacement curves, which describe
the interparticulate interactions, and on the other hand considerable deformations
were not observed in the simulations from section 3.3. The interphases are created
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similarly to the other models presented in this chapter. The generation of the RFAs
is not trivial since, again, there is no experimental data about their existence and
their possible geometry available. Generally, because of these uncertainties, the
whole model generation process is designed in a modular way, so that details, such
as the generation of the RFAs, can be updated whenever new insights are available.
The approach for generating the RFAs in the scope of this thesis is schematically
illustrated in Fig. 6.8. For each vertex of each primary particle, the distance to
the agglomerate center of mass is determined. Then, the convex hull is calculated,
considering only the ny.r+ (e.g. three) vertices of each particle, that are closest to
the agglomerate center of mass. The resulting convex hull is cut from the models,
leading to an empty, non-meshed region representing the RFAs. The influence of
the nyert parameter on the RFA volume fraction and the elastic properties of the
agglomerate UCs is shown later.

Nyert = 3 Nyert = 4

Particles

Convex hull

Resin free area ———=—% 1

Agglomerate
center of mass

Figure 6.8: Schematic illustration of the modeling of the RFAs. The colored dots
mark the n,er¢ vertices of each particle, which are closest to the agglom-
erate center of mass. The small colored dots are located inside of the
convex hull.

An exemplary agglomerate UC model is plotted in Fig. 6.9 (a). All agglomerate
UCs are generated with a periodic mesh, as shown in Fig. 6.9 (b). This is much
easier compared to the homogeneous RVEs since by partitioning the outer surfaces
of the UCs appropriately the Abaqus meshing tool is capable of generating the
desired periodicity. In all remaining points, the agglomerate UCs accord with the
homogeneous RVEs.
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Figure 6.9: Illustration of (a) an exemplary model and (b) an exemplary FE mesh
of an agglomerate UC with three primary particles.

6.3.2 Simulation Results

The simulations of the agglomerate UCs are largely based on the findings from the
homogeneous RVEs. This concerns, for instance, the choice of the PBCs and the
used mesh size. The homogenization of the elastic properties of the agglomerate UCs
is performed with the alternative approach using the reaction forces and simulation
box deformations instead of the volume-averaged stress and strain. Similar to the
homogeneous RVEs, for each case shown in the following, a statistically represen-
tative number of random realizations is simulated, so that the standard deviations
converge (compare Fig 6.4 (b)).

Influence of the 14« Parameter

Before the influence of the interfacial bonding and the agglomerate size on the
Young’s modulus of the agglomerate UCs is discussed, the nyer+ parameter, which
determines the size of the RFA, is addressed. The graph shown in Fig. 6.10 (a)
indicates that an almost linear dependence of the RFA volume fraction on the ngert
parameter exists. Moreover, the volume fraction and its slope increase with an in-
creasing number of primary particles per agglomerate. This effect is expected since
the ratio of agglomerate volume to agglomerate surface increases with increasing ag-
glomerate size. In other words, bigger agglomerates contain a larger cavity volume,
can lead to a higher RFA volume fraction.
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Figure 6.10: Numerical results of (a) the RFA volume fraction in dependence on the
Nyert parameter and the number of primary particles per agglomerate
and (b) the Young’s modulus of the agglomerate UCs in dependence
on the RFA volume fraction and the number of primary particles per
agglomerate.

The influence of the RFA volume fraction on the Young’s modulus of the agglomerate
UCs is shown in Fig. 6.10 (b). As indicated by the dashed gray line, again, a linear
relation is observed. The blue curve represents an agglomerate consisting of three
primary particles. Since for small agglomerates the RFA volume fraction is generally
small, with a maximum difference of 3% a low influence on the Young’s modulus
is observed. With increasing agglomerate size, the RFA volume fraction increases
and thus the Young’s moduli are significantly influenced by both the presence and
the amount of RFA. The largest of the investigated values, nyert 5, leads to a
reduction of the Young’s modulus by 600 MPa compared to nyert = 3, which is a
percentage of approximately 10%.

Due to the lack of experimental data, the choice of the ny.,+ parameter is ambiguous.
In the following, a conservative value of nie,t = 3 is used. The results shown
in the following section indicate that this choice still tends to underestimate the
experimental Young’s moduli and hence overestimate the RFA volume. The results
presented in the following can thus be understood as a lower bound to the elastic
properties if the agglomerate UCs.
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Influence of the Interphase, the RFA and the Agglomerate Size

Ultimately, in this section, the influence of three main factors on the elastic prop-
erties is investigated, which are the interfacial bonding, the number of primary
particles per agglomerate and the presence of an RFA. The results are collectively
shown in Fig. 6.11.

Pure epoxy - == NC from Jux et al. [95]
O Homogeneous RVE Interphase V1 X Homogeneous RVE Interphase V2
Interphase V1 and RFA Interphase V2 and RFA
Interphase V1 and filled with epoxy Interphase V2 and filled with epoxy

2

Young’s modulus relative to the pure epoxy (-)

0.6 - _
| | | | | | |
0 50 100 150 200 250 300

Number of primary particles contained in the agglomerate (-)

Figure 6.11: Dependence of the Young’s modulus of the agglomerate UCs on the
number of primary particles per agglomerate, the interfacial bonding
and the existence of an RFA.

To understand the discussion presented in the following, some facts should be noted.
Firstly, all models contain a fixed BNP mass fraction of 10%. Hence, the size of
the agglomerate UCs increases with an increasing number of primary particles, as
illustrated in Fig. 6.11. Secondly, for each data point shown in Fig. 6.11, a statisti-
cally representative number of samples was simulated, until the standard deviation
converges, comparable to Fig. 6.4 (b). This is because, in contrast to e.g. fiber
matrix UCs, the agglomerate UCs have a random inner structure. Thirdly, the
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convergence of the Young’s moduli in Fig. 6.11 should not be misinterpreted as an
increasing representativeness of the UC (as it was presented for the homogeneous
RVESs, compare section 6.2.2). Using a UC approach implies that the real material
consists of a periodic repetition of the UC. Thus, the investigated UCs represent
a NC containing only one specific agglomerate size. Since this is not the case for
real NCs, agglomerate RVEs are simulated in the following section. Instead, the
observed convergence results from the inner structure of the UCs, as discussed in
detail in the following. Lastly, the comparison to the experimental results reported
by Jux et al. [95] is of qualitative nature. This is because of the difficult calibra-
tion and large deviations between the simulations and the experiments of the bulk
epoxy from chapter 4. Thus, all results are normalized to the bulk epoxy stiffness
(gray dashed line). The dashed black line represents the percentage increase of the
Young’s modulus observed in the experiments. Generally, for a proper comparison of
the simulation results to the experimental values, the agglomerate size distribution
should be taken into account, as shown in the following section.

Fig. 6.11 illustrates the influence of the interfacial bonding, the RFA and the ag-
glomerate size on the Young’s modulus of the agglomerate UC. For comparison,
experimental values for the pure epoxy and the NC from [95] are shown. The av-
erage agglomerate size from the experimental study can be found at the far right
of the diagram at around 300 primary particles. In principle, two major effects
are observed. Firstly, ignoring the RFAs and only taking into account the red and
the green curves, the influence of the reduction of the interphase volume with an
increasing number of primary particles is visible. This effect is caused by the closely
located primary particles and the resulting overlap of the interphases. The green
curve (Interphase V1, no chemical bonding) is almost independent of the number of
primary particles per agglomerate. This is because the interphase stiffness is close
to the bulk epoxy stiffness and hence the reduction of the overall interphase vol-
ume plays a minor role. The red case (Interphase V2, strong chemical bonding), in
contrast, shows a significant decrease in the UC stiffness with an increasing number
of primary particles per agglomerate. The interphase is much stiffer than the bulk
epoxy and thus the reduction of the interphase volume has a significant influence.
As expected, the percentage reduction of the interphase volume converges with in-
creasing agglomerate size, which leads to the converging Young’s moduli observed
for the red curve.

Secondly, comparing the blue and the orange curves, an overlayed effect caused by
the presence of the RFA is observed. As explained before, with increasing agglomer-
ate size, the volume fraction of the RFA increases. This leads to a higher amount of
weakly interacting inner surface where the particles are not bordering with polymer
and the weak interparticulate interactions dominate. This results in a considerable
reduction of the Young’s moduli of the agglomerate UCs for both interphase cases.
Even for comparatively small agglomerates with less than 150 primary particles, the
stiffness of both cases drops below the bulk epoxy modulus.
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So far, the chemically unbonded case with filled agglomerates (green curve) pro-
vides the best approximation of the experimental NC response. However, as stated
before, a comparison between simulations and experiments is postponed to the fol-
lowing section, since the agglomerate size distribution is not included here. Still,
three recommendations for the optimization of the elastic NC properties can be
derived from the results shown. As expected, an enhanced interfacial bonding be-
tween the reinforcement phase and the polymer leads to a higher Young’s modulus.
Furthermore, except for the chemically unbonded case filled with polymer (green
curve), a finer dispersion of the agglomerates results in a higher stiffness. This is
supported by the shown results of the homogeneous RVESs, which possess the highest
Young’s moduli and can be considered as an ideal dispersion. Last but not least,
as long as a homogeneous distribution of primary particles cannot be realized in
reality, it is beneficial to ensure that agglomerates are filled with polymer to obtain
the best elastic properties.

6.4 Agglomerate RVEs

In reality, NCs do not contain only one specific agglomerate size, but an agglomerate
size distribution. To consider this, in this section agglomerate RVEs are investigated
as the ultimate outcome and the highest level of the proposed multi-scale framework.
The model generation and the respective simulation results are presented in the
following.

6.4.1 Modeling and Simulation Aspects

Again, the generation of the agglomerate RVEs is largely based on the modeling of
the homogeneous RVEs presented in section 6.2.1 and only differences are discussed
here. In principle, no particles or agglomerates are modeled anymore, but the ag-
glomerate RVEs consist of a homogeneous distribution of agglomerate UCs, as can
be seen in Fig. 6.12 (a) and (b). The first step in the model generation is the deter-
mination of the agglomerate sizes contained in the RVE based on the experimental
agglomerate size distribution, which is shown in Fig. 6.12 (c). This agglomerate size
distribution is nothing but a probability distribution of agglomerate sizes, which is
used as an input to determine the agglomerate size distribution of the RVEs. Three
example choices for RVEs containing 20 UCs are shown in Fig. 6.12 (d). With the
known agglomerate sizes, the size of the UCs and the RVE can be calculated. The
material parameters of each UC are interpolated or extrapolated from the results
shown in Fig. 6.11 using a logarithmic function.

The RVEs presented here demand for a lower BNP mass fraction than the underlying
UCs. This is because it is impossible to fill the RVE volume only with UCs and at
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Figure 6.12: Illustration of (a) an exemplary model and (b) an exemplary FE mesh
of an agglomerate RVE, (c) the normalized agglomerate size distribu-
tion [109] and (d) three example distributions for agglomerate RVEs
consisting of 20 UCs.
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the same time satisfy the agglomerate size distribution. Hence, it is recommendable
to use the highest possible mass fraction in the agglomerate UC simulations. In the
scope of this thesis, the UCs presented above were modeled with a weight fraction
of 10%. For the generation of the agglomerate RVEs, a simple hardcore algorithm is
used for randomly placing the UCs into the RVE starting with the largest UC. This
algorithm is capable of generating RVEs with a mass fraction up to around 4.5%.
However, to be able to compare the simulation results to experimentally measured
values, the mass fraction of the RVEs is chosen to be 2.5%. As an extension of
the work presented here, the framework can be equipped with a more advanced
algorithm, which allows for the generation of models containing higher BNP mass
fractions.

The remaining model generation is similar to the homogeneous RVEs, including the
choice of PBCs and the chosen mesh size. To obtain a periodic mesh, Gmsh [132]
is used.

6.4.2 Simulation Results
Representativeness of the Agglomerate RVEs

Similar to the homogeneous RVEs, it is necessary to study the representativeness of
the generated RVEs to obtain meaningful results. Therefore, agglomerate RVEs with
an increasing number (i.e. 1, 3, 5, 10 and 20) of agglomerate UCs are investigated.
For each case, a statistically representative number of random samples is simulated,
so that the standard deviation converges. The dependence of the simulated Young’s
modulus on the number of UCs per RVE is plotted in Fig. 6.13 (a). Using one UC
per RVE leads to a slight underestimation of the Young’s modulus and to a large
standard deviation. Already for five UCs per RVE, a converged Young’s modulus is
obtained, as the difference to the RVE containing ten UCs is only 0.02%. Similar to
the homogeneous RVEs, the simulations presented here require a quite low numerical
effort. Hence, in the following, RVEs containing ten UCs are used. Fig. 6.13 (b)
shows the convergence of the standard deviation of the Young’s modulus for these
RVEs. A sufficient convergence is observed for 20 random realizations, which are
used to obtain representative results in the following.

Influence of the Interphase and the RFA on the elastic properties of
Boehmite/Epoxy NCs

The results presented in this section are the ultimate outcome of the multi-scale
framework presented in this thesis. Four cases are investigated in the following,
which are the two interfacial bonding cases (Interphase V1: chemically unbonded
and Interphase V2: chemically bonded) and for each interphase case the two RFA
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Figure 6.13: Numerical results of (a) the dependence of the Young’s modulus on the
number of agglomerate UCs per RVE and (b) the convergence behavior
of the standard deviation for the RVE containing 10 UCs.

cases (with RFA (i.e. unfilled) and without RFA (i.e. filled with polymer)). The
normalized Young’s moduli of all four cases are presented in Fig. 6.14. For compar-
ison, the experimental results for the pure epoxy and the NC with a BNP weight
fraction of 2.5% are shown.

Several conclusions can be drawn from Fig. 6.14. The two interphase cases without
an RFA lead to a percentage increase of the Young's modulus compared to the
bulk epoxy of 1.5% and 5.9% for Interphase V1 and Interphase V2, respectively.
The best prediction of the experimentally measured NC properties is provided by
the chemically unbonded case (Interphase V1) without an RFA, which shows a
deviation from the experiments of approximately 0.6%. It should be kept in mind
that the numerical results were simulated for a reduced primary particle size of
3 nm, whereas the experiments were obtained for a primary particle size of 14 nm.
Despite the discrepancy in primary particle size, a comparison of the Interphase
V1 case is meaningful, as a negligible dependence of the Young’s modulus on the
primary particle size was found in section 6.2 (compare Fig. 6.5 (b)). Since the
experimental results suggest a slightly higher Young’s modulus than the simulations,
a certain chemical bonding between the BNPs and the epoxy can be expected in
the real material. An evaluation of the exact amount is challenging, since a second
effect, the existence and extent of the RFA, is overlayed. Though the RFA for both
interphase cases leads to considerably reduced Young’s moduli compared to the bulk
epoxy and a drastic underestimation of the stiffness, its existence cannot be ruled
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Figure 6.14: Dependence of the Young’s modulus of the agglomerate RVEs on the
interphase case and the presence of an RFA.

out completely. It should be kept in mind that the RFA, as it is modeled in the scope
of this thesis, almost covers the whole agglomerate. Thus, the simulations should
result in a lower bound. It is imaginable that a smaller RFA around the core of the
agglomerate exists. To take this into account, in future work, the framework could be
equipped with a more realistic RFA modeling approach. Generally, as a guideline for
the development of NCs, it is particularly important to ensure that agglomerates are
filled with polymer to obtain the best elastic properties. Furthermore, by improving
the chemical interactions between the BNPs and the epoxy, an increase of the elastic
properties of up to 6% can be reached, which is almost three times the current
experimental value.

To further demonstrate the potential of the NCs, the influence of the agglomerate
size distribution on the Young’s modulus for a constant weight fraction of 2.5% is
shown in Fig. 6.15 (a). Only the two cases without the RFA are plotted, since
they predict the most realistic results. To generate the underlying models, the
experimental agglomerate size distribution (compare Fig. 6.12 (c)) was scaled to
smaller or larger mean agglomerate sizes. From the graph in Fig. 6.15 (a), it can be
seen that the chemically unbonded case (Interphase V1) shows an almost constant
Young’s modulus independent of the agglomerate size. For the chemically bonded
case (Interphase V2), in contrast, the Young’s modulus increases with decreasing
agglomerate size. For agglomerate sizes above 100 nm, the influence is small and the
simulations predict an almost converged Young’s modulus. This is quantitatively in
agreement with the experiments from section 6.1. A qualitative comparison of the
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results is impossible because of the different BNP mass fractions in the experiments
and the simulations. For agglomerates smaller than 100 nm, a significant increase
of the Young’s modulus is observed. A size of 14 nm, which is the primary particle
size and hence corresponds to an ideal dispersion, yields a percentage increase of
the Young’s modulus of 12.3% compared to the bulk epoxy. This is more than twice
the increase of the 105 nm mean agglomerate size with the same weight fraction.
Furthermore, it is in the same range as the experimental result of the 105 nm
agglomerate size with a weight fraction of 10%.

The unused potential is further underlined by the influence of the BNP weight
fraction on the Young’s modulus, as shown in Fig. 6.15 (b). An approximately linear
dependence is observed for both interphase cases. The comparison to the fit of the
experimental measurements demonstrates that the lower bound, the Interphase V1
case, provides a better approximation. The extrapolation of the curves to a weight
fraction of 10%, which might be interesting for real technical applications, results in
a percentage increase of the Young’s moduli of 8.9% and 27.6% for the chemically
unbonded case and the chemically bonded case, respectively. For comparison, the
experiments yielded an increase of 12.5%. It can be concluded that the NC contains
a large unused potential, as with an improved interfacial bonding, the percentage
increase of the elastic properties can be doubled.
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6.5 Conclusions

In this chapter the highest level of the multi-scale framework, the microscale, was
presented. The results and findings from the previous chapters were assembled to
RVEs containing homogeneously distributed primary particles, agglomerate UCs
and agglomerate RVEs.

With the homogeneous RVEs, the influence of the interfacial bonding, the BNP
weight fraction and the size of the BNPs was examined for an ideally dispersed
system. It was found that a chemical interaction between the BNPs and the epoxy
leads to higher elastic properties compared to the unbonded case. With increasing
BNP weight fraction and decreasing primary particle size, the chemical bonding
and the resulting stiff interphase can unfold their potential. For a weight fraction
of 10% and a primary particle size of 3 nm, an increase of the Young’s modulus of
approximately 81% compared to the bulk epoxy was achieved. For comparison, the
chemically unbonded case results in an increase of around 10% for the same weight
fraction and primary particle size.

The real material contains agglomerates. Hence, the results of the homogeneous
RVEs are not representative of the NC and agglomeration was introduced into the
microscale models. This comprises the modeling of the agglomerates themselves and
the consideration of the agglomerate size distribution and a possible RFA. The com-
parison of the results of the agglomerate RVEs to the experimental study revealed
that the chemically unbonded case without an RFA provides the best approximation
of the experimental results. The simulation results of this case are slightly softer
than the experiments, which is why a certain interfacial bonding between the BNPs
and the epoxy in reality is likely. A conclusive statement can, however, not be
made, since the two effects of the interfacial bonding and the RFA volume fraction
are overlayed. The assumptions concerning the RFA made in the scope of this thesis
certainly overestimate the RFA volume fractions and hence underestimate the NC
Young’s modulus. Still, it is imaginable that a small RFA around the core of the ag-
glomerates exists. For instance, it is possible that the assumptions of the chemically
bonded case (Interphase V2) are correct and the existence of a small RFA reduces
the elastic Young’s modulus to the experimentally measured one.

With the given input, assumptions and validation possibilities, the framework can
provide upper and lower bounds to the elastic properties of the BNP /epoxy NC.
Furthermore, the chemically unbonded case without an RFA leads to a reason-
able prediction of the experimentally obtained values. Still, related to the above
discussion, an exact calibration of all underlying effects cannot be assured yet. Fu-
ture research should focus on establishing more sophisticated validation possibilities
along with the whole framework. An example concerning the work presented in this
chapter would be the experimental determination of the existence and the possible
extent of an RFA.
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7.1 Summary and Conclusions

In this thesis, a multi-scale framework for the prediction of the elastic properties
of NCs has been proposed, which incorporates effects related to the interphase for-
mation between NPs and the surrounding polymer and agglomeration. The elastic
properties of each constituent, namely the BNPs, the epoxy and the interphase re-
gion, and the interparticulate interactions have been calculated and homogenized
on the atomistic level and passed to the higher scale. On the micro-level, the input
from the atomistic simulations was assembled and continuum models were devel-
oped, which contain homogeneous particle distributions or agglomerates.

Experimental AFM measurements conducted by the colleagues from the BAM re-
vealed large deviations of the elastic properties of boehmite compared to the lit-
erature. To understand the cause of the differences, a new MD simulation-based
approach was introduced, which mimics the AFM testing conditions. The obtained
Young’s moduli of the perfect boehmite crystal under multiaxial compression load
amounted to 232, 136 and 267 GPa in x-, y- and z-direction. Generally, the behav-
ior of crystalline materials is mostly brittle and hence elastic until failure. However,
depending on the loading direction, an additional inelastic deformation mechanism
was found for the BNPs embedded in the polymer matrix. The slippage of the
physically interacting boehmite sheets significantly reduces the Young’s modulus to
values in the range of 30 - 40 GPa. It furthermore causes a highly inelastic behavior,
which can partly be reversed, e.g. by restoring forces introduced by the AFM tip
during the retraction or by the far filed lattice structure of the boehmite. The in-
elastic slippage particularly affects small crystals, such as the investigated primary
particles. However, MD based tensile tests of NC UCs showed that slippage of the
boehmite sheets is not expected under tensile or shear load in the elastic regime.
This is because of the much weaker load transfer from the epoxy to the BNPs,
compared to the direct loading introduced by the AFM tip.

The interparticulate interactions, which are needed for the simulation of the unfilled
agglomerates on the microscale, were determined through statistical numerical ten-
sion, compression and shear tests between two randomly orientated particles. From
these simulations, force-displacement curves under tension and compression were
recorded. The shear behavior was found to be almost frictionless and was neglected
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in the microscale simulations. Similar to the MD based tensile tests of the NC
UCs, no significant deformation of the particles was observed under tension and
compression load.

The second phase, the epoxy, was characterized using numerical tensile and shear
tests. The literature lacks a comprehensive MD based investigation of epoxy poly-
mers and leaves many points open or reports inconsistent results. Thus, the influence
of different parameters, such as the strain rate, the network structure and the cho-
sen force field parameters, was studied. All the investigated effects and parameters
showed a considerable influence on the elastic properties of the polymer. Thus, a
proper calibration of the epoxy models with the given experimental data is unfeasi-
ble. For the subsequent work presented throughout the thesis, the elastic properties
of the reference system (F = 6.07 GPa, v = 0.324) were used, even though they
show large deviations from the experimentally measured epoxy stiffness. From the
authors’ perspective, a systematic study, both experimentally and numerically, is
indispensable to improve the understanding of the polymer. It should especially
be focused on establishing validation possibilities, with which a more direct assess-
ment of the modeling assumptions is possible. This, in turn, is crucial for a proper
investigation of related effects, such as the interphase formation.

The BNP /epoxy interphase was investigated employing the previously introduced
AFM simulations. For the chemically unbonded case, no interphase was found and
an undisturbed epoxy network could form almost until the phase boundary. With
enabled chemical bonding between the BNPs and the polymer, an alteration of the
epoxy network was observed, which led to a reduced interphase stiffness compared
to the bulk polymer. The AFM simulations have a major drawback when used for
multi-phase materials since close to the phase boundary the measurement of mixed
moduli is inevitable. Thus, a method for the direct calculation of the local elastic
properties from MD simulations was developed and used for the determination of the
BNP /epoxy interphase properties. The investigation of two extreme cases revealed
a significant influence of the interfacial bonding between the BNP and the epoxy
on the elastic properties. In case the BNPs do not chemically react with the epoxy,
the interphase is only caused by the repulsion between boehmite and epoxy due to
the physical interactions. The resulting interphase has a thickness of 5 A and an
effective interphase stiffness of approximately 4.96 GPa, which is a reduction of 17%
compared to the bulk epoxy. If a strong chemical bonding is present, the interphase
is additionally characterized by a significantly altered polymer network. In this case,
with a thickness of 15 A, the interphase is three times as thick and has an effective
Young’s modulus of 22.82 GPa, which is an increase of 275% compared to the bulk
epoxy stiffness.

Ultimately, the previous results and findings were assembled to continuum models
with homogeneously distributed BNPs or agglomerates. The potential of the NCs is
indicated by the investigation of the RVEs consisting of homogeneously distributed
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BNPs in the epoxy matrix, which represent an ideal dispersion. For the real primary
particle size of 14 nm and a weight fraction of 10%, an increase of the Young’s mod-
ulus of approximately 18% is possible, if BNPs and epoxy are chemically bonded.
Further improvements up to an increase of 81% can be achieved using smaller pri-
mary particles with a size of 3 nm. Agglomeration reduces the elastic properties of
the NC. This is mainly because of the reduction of the overall interphase volume if
primary particles are closely located inside of the agglomerates. Also, the presence
of an RFA can considerably lower the elastic properties. However, for BNP /epoxy
NCs it plays a minor role and, if at all, can be expected to affect only a small region
of the agglomerate. The best prediction of the experimentally measured Young’s
modulus is observed for the chemically unbonded case without an RFA. Since the
experiments are slightly stiffer, a certain chemical bonding can be expected in the
real material. Since two overlayed effects, the interfacial bonding and the RFA, are
present, an exact quantification cannot be performed with the given results.

With the available input, assumptions and validation possibilities, the presented
framework can provide upper and lower bounds to the elastic properties of BNP /epoxy
NCs. Even more, with the chemically unbonded case without an RFA, a reasonable
prediction of the experimentally measured Young’s modulus could be achieved. In
the following section, possible improvements and extensions are discussed.

7.2 Outlook

According to the previous explications, three main research areas can be identified
for future work.

7.2.1 Validation of the Proposed Approach

A weak spot of the work presented in this thesis is the deficient validation. This is
on the one hand because of the large scale separation between the experiments and
simulations, concerning both the time and length scales. For instance, macroscopic
tensile tests typically have a spatial extent of several millimeters and a strain rate of
around 10~*. The MD simulations, in contrast, use a simulation box size of several
nanometers and a strain rate in the range of 10" to 10° 1/s. On the other hand,
mainly due to the small spatial extent of the involved phases, there simply exist no
experiments that can capture the desired properties or characteristics with a suffi-
cient resolution. An example is the altered epoxy network structure of the interphase
in the presence of the boehmite particles, which cannot be directly experimentally
measured.

As previously discussed, the literature leaves the influence of a strain rate depen-
dence of the elastic properties of the epoxy open. Hence, an indirect validation of
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the model generation of the epoxy through the comparison of the Young’s modulus
or other thermomechanical properties is unfeasible. At the same time, a direct com-
parison of the network structure of the models and the real material is impossible
because of experimental limitations. From the authors’ point of view, new valida-
tion possibilities are indispensable. An attempt to validate the model generation
was made by Unger et al. [125], who validated the curing kinetics of epoxy with ex-
perimental near-infrared spectroscopy measurements. However, due to the chemical
composition, this approach does not apply to the epoxy system used throughout
this thesis. Further developments concerning a direct comparison of the molecular
structure of the atomistic models and the real material can help to significantly
enhance the understanding of the polymer and improve the calibration of the mod-
els. Another possible approach is the comprehensive experimental investigation of
the influence of the strain rate on the elastic properties of epoxy. Furthermore, the
application of coarse-graining methods [136-138] can help to reduce the time scale
gap between experiments and simulations and to further study the influence of the
strain rate on the elastic properties of epoxy numerically.

The uncertainties concerning the modeling of the epoxy stretch through large parts
of the presented work since e.g. the determination of the interphase properties on the
atomistic scale relies on an adequate modeling of the polymer. Other open points in
the experimental literature concern, for instance, the thickness, molecular structure
and elastic properties of the interphase, the interaction between the primary particles
and the question whether the agglomerates are filled with polymer or not.

7.2.2 More Realistic Modeling

The proposed framework is a considerable step forward from the state of the art
towards a more realistic numerical modeling and simulation of NCs. Still, there
are possibilities to further improve the approach, which, in large parts, go hand in
hand with the discussions about the validation in the previous section. Some known
issues, that could be addressed, are described in the following. Improved validation
possibilities will certainly reveal additional potential for future research.

One aspect, which should be further studied is the formation of the interphase
inside of the agglomerates. It was discussed earlier that the assumption of effective
interphase properties in combination with the reduced interphase volume inside
of the agglomerates might be overly simplified. A possible idealized approach to
address this issue was discussed in the concluding section of chapter 5. By inverting
the layered models and simulating an epoxy film of varying thickness surrounded
by two boehmite layers, the situation inside of an agglomerate could be mimicked.
Furthermore, coarse-graining methods can help to simulate small agglomerates in
a molecular resolution and act as a guideline for the continuum agglomerate UCs.
Simulating agglomerates with a realistic primary particle size and number of primary



7.2 Outlook 137

particles completely with coarse-grained MD is unfeasible, leaving the proposed
multi-scale framework indispensable.

In general, coarse-graining methods are promising to increase the representativeness
of the models, as the simulated length and time scales can typically be extended
by up to two orders of magnitude. This can be helpful in many ways. For in-
stance, as stated earlier, the gap concerning the experimental and numerical strain
rates can be reduced. Coarse-graining can furthermore allow for the simulation of
realistic primary particle sizes, e.g. for the determination of the interparticulate
force-displacement curves to describe the particle interactions. This, in turn, will
allow for the simulation of real primary particle sizes on the microscale, which will
improve the comparability between the experiments and the simulations.

7.2.3 Extension of the Multi-Scale Framework

To ultimately deliver input for the simulation of real structures, the proposed multi-
scale framework can be enhanced to capture fibers or voids on additional higher
scales. Also, an extension to predict the nonlinear and viscoelastic response of NCs
is possible. Furthermore, other effects, e.g. related to temperature, can be included,
to be able to simulate the temperature-dependent elastic behavior or even calcu-
late thermal properties, such as the thermal expansion coefficient. This could, for
instance, allow for the simulation of the influence of NPs on the shrinkage behav-
ior of NCs. The critical point in this view is the determination of the effective
thermal properties of the particle-matrix interphase. The proposed method for the
calculation of the local elastic properties does in its current version not support this
feature since an exact choice of the interphase volume is not necessary for the elastic
properties. As long as the interphase on the atomistic scale and its representation
on the microscale are of the same thickness, the results are correct. However, the
calculation of thermal properties, such as the thermal expansion coefficient, relies
on the thorough determination of the interphase volume under different thermal
conditions.
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